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Thin tantalum films were prepared on oxidized silicon substrates in the metastable b 
phase using an ultra-high vacuum sputter deposition system. Stresses that arose in the 
films due to interactions between the film and substrate during thermal cycles from 
room temperature to 700ºC were measured using an in situ substrate curvature 
measurement system, allowing oxygen content to be controlled during both deposition 
and thermal cycling. X-ray diffraction experiments were used to determine crystal 
phase and orientation before and after cycling. The transformation from the b phase to 
the stable a phase takes place in conjunction with a distinct jump in stress in the 
tensile direction. The magnitude of the jump and the temperature at which it occurs 
were strongly affected by the amount of oxygen to which the film is exposed and 
whether the exposure took place during deposition, between deposition and thermal 
cycling, or during thermal cycling. Increasing oxygen content inhibited the phase 
transformation, requiring higher temperatures to complete it. It is shown that the phase 
transformation must occur by thermally activated hopping of atoms across the phase 
boundaries, and it is proposed that oxygen added to the system inhibits the 
transformation by slowing boundary motion through solute drag. 
The microstructure of phase-transformed films were studied using electron 
backscatter diffraction (EBSD). A unique, previously unobserved microstructure was found, characterized by smooth, continuous gradients in crystal orientation of up to 4°/
mm over distances of up to 6 mm within individual grains. Rotation axes were analyzed 
using rotation pole figures and compared to those of dislocation arrays that could 
cause such orientation gradients to occur. The addition of oxygen during deposition 
was found to have a large effect on the microstructure, leading to much larger grain 
sizes, lower angle grain boundaries, and smaller orientation gradients within grains.  Biographical Sketch
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Chapter 1 
 
 
Introduction 
 
1.1  Motivation 
Many devices commonly used by people throughout the world rely on thin films, 
ranging in thickness from a few nanometers to a few micrometers, deposited on rigid 
substrates. Thin films have properties that can often differ greatly from those of simi-
lar bulk materials and depend heavily on preparation and processing conditions and 
the resultant microstructure. These materials are often chosen on the basis of their 
electronic, magnetic, or optical properties. However, the devices in which they operate 
must be reliable, and the materials chosen must provide adequate resistance to me-
chanical failure. Thus, relationships between microstructure and mechanical properties 
of thin films are crucial to the stability of these micro- and nanofabricated devices.  
This thesis focuses on the thermomechanical behavior and microstructure of tanta-
lum thin films. Tantalum films are used in a variety of microelectronic applications, 
ranging from diffusion barriers between copper metallizations and silicon substrates to 
thin film resistors and capacitors to masks for x-ray optics. One aspect of tantalum 
films that has allowed them to be used in such a wide range of applications is that they 
can be deposited in two different crystal structures, the stable bcc α phase and the me-
tastable tetragonal β phase, that have very different mechanical and electrical proper-
ties. However, it can be difficult to deposit a film in the desired phase or, in the case of 
β phase films, to keep it there during device operation. In addition, very large stresses 
can develop in tantalum films when heated above a few hundred degrees Celsius, due 
to either a transformation of the crystal structure from β to α or from the incorporation     2
of oxygen into the film. Such stresses may lead to device failure by film cracking or 
delamination. The relationships between film preparation and processing, microstruc-
ture, and stress must be understood in order to better design films that not only meet 
their functional requirements when prepared, but continue to maintain their integrity 
over the specified lifetime of a device.  
 
1.2  Structure of this thesis 
This thesis is organized into eight chapters. This chapter provides background infor-
mation on tantalum thin films, focusing on previous studies related to the work de-
tailed in this thesis, as well as a general overview of the kinetics of phase transforma-
tions. Chapter 2 provides supplemental details of the experimental techniques de-
scribed in Chapters 3-7. Chapter 3 addresses the thermomechanical behavior of tanta-
lum films during the β−α phase transformation and the effects of various methods of 
oxygen incorporation on stress and microstructure evolution. This chapter, entitled 
“Effect of oxygen on the thermomechanical behavior of tantalum thin films during the 
β−α phase transformation,” has been published in the Journal of Applied Physics. 
Chapter 4 is an addendum to Chapter 3 in which the driving force and activation en-
ergy of the phase transformation are more accurately determined. Chapter 5 addresses 
the physical properties of the β phase in a short paper entitled “Coefficient of thermal 
expansion and biaxial elastic modulus of β phase tantalum thin films” that is being 
prepared for journal submission. Chapter 6 provides a detailed description of the mi-
crostructure of phase-transformed α Ta films from EBSD data and compares the very 
unusual microstructure that develops to that of a similar film deposited in the α phase. 
The results of this analysis have been used to suggest a dislocation structure that must 
occur in the phase-transformed film in order for the observed microstructure to exist 
and how this structure might develop. In Chapter 7, we show how increasing oxygen     3
content affects the microstructure of these phase-transformed films and describes a 
mechanism by which this may occur. Both Chapters 6 and 7 are in preparation for 
journal submission. Finally, in Chapter 8, the overall conclusions of this work are 
summarized and suggestions for further research are presented. 
 
1.3  Tantalum thin films 
Tantalum films are used extensively in a number of microelectronic and x-ray based 
applications. Tantalum has a very high melting temperature (3269 K), and is a good x-
ray absorber. It forms a thin oxide layer  (~ 2 nm thick) when exposed to an oxygen-
containing atmosphere [1, 2] that allows the material, which is otherwise very reac-
tive, to be nearly chemically inert at low temperatures.  
Sputter-deposited Ta thin films can be made in two different crystal phases that 
have very different properties. The crystal structure nucleated depends on both the 
substrate and deposition conditions. The bcc α phase is the same as formed in bulk 
tantalum. It has a low resistivity (15-60 µΩ cm),
 is very ductile, and is nearly immis-
cible in copper, making it an excellent material for use in thin film capacitors [3-5] 
and in interconnects as a diffusion barrier between copper and silicon [6-8]. Tantalum 
can also be deposited in a metastable structure with tetragonal symmetry known as the 
β phase. This phase has a much higher resistivity (170-210 µΩ cm) [5, 9],
 is brittle 
compared to the α phase [10], and has been found to be much more susceptible to re-
active ion etching [11], making these films considerably easier to pattern. As such, β-
Ta films have thus found uses as masks for x-ray lithography [12], as an interface be-
tween the heater element and the ink in thermal ink-jet devices [13], and as thin film 
resistors in micro- and nanofabricated devices [3-5]. 
For many applications, it is important that the Ta thin film stress behavior during 
thermal cycling be well understood. In addition to differential thermal expansion, irre-    4
versible microstructural changes often occur during thermal cycling that can generate 
significant changes in stress. In general, the thermomechanical behavior of thin metal 
films on substrates is studied by subjecting samples to thermal cycles and determining 
stresses either using the substrate curvature method, in which stresses are deduced 
from changes in the curvature of the film/substrate package, or from strains deter-
mined using x-ray measurements. In such experiments, there are often strong effects 
on thermomechanical behavior arising from small changes in impurity content not 
only in tantalum, but in many other materials as well [14]. 
This literature review will focus on the thermomechanical behavior and micro-
structure evolution of Ta films deposited in the β phase, with a brief discussion on 
substrates and deposition conditions that lead to preferential growth of either the α or 
β phase. The focus will be on the factors that influence stresses in these films, espe-
cially those occurring during thermal cycling. 
 
1.3.1  Deposition and crystal structure 
The β phase was initially discovered in 1965 by Read and Altman [15], who reported 
the crystal structure as having a sixteen-atom tetragonal unit cell with a theoretical 
density of 16.9 g/cm
3. Further x-ray analysis by Moseley and Seabrook
 [16] suggested 
a thirty-atom unit cell with a density of 16.33 g/cm
3, and further specified the crystal 
symmetry to that of the P42/mnm space group, isomorphous with β uranium. It is this 
crystal structure that has been most commonly referenced in the literature. However, 
Arakcheeva et al. [17] have recently argued that a similar thirty-atom unit cell, but 
with  m P 1 2 4  symmetry and a density of 16.28 g/cm
3, is the correct structure. These 
structures are nearly identical when viewed from an [001] zone axis (shown in Figure 
1.1) and are differentiated only by a slight lateral shift in the atoms forming the doubly  
     5
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.1: Crystal structure β tantalum (viewed down the c-axis) as described by 
Arakcheeva et al [17]. The black and white circles indicate two consecutive levels of 
the primary atomic nets separated by 0.5c (host sublattice). The gray atoms indicate 
the channel atoms of the guest sublattices, located midway between the primary nets. 
The numbers indicate crystallographically equivalent positions within the unit cell.     6
occupied columns in the model proposed by Arakcheeva et al. [18]. Despite its use in 
a number of devices, the physical properties of this structure remained largely un-
known prior to the work detailed in Chapter 5 of this thesis. In addition, as the β phase 
is not an equilibrium polymorph of tantalum, it is not clear why this structure is able to 
form, although Jiang et al. have suggested that the β phase may have a lower energy 
crystal structure for very small clusters of tantalum atoms (less than ~ 100 atoms) 
[19]. Similar metastable structures have also been observed in other bcc films, such as 
tungsten [20] and chromium [21], but these phases do not appear to be as stable as β 
tantalum and have been studied very little. 
While the majority of studies on tantalum have focused on sputter-deposited films, 
tantalum can also be deposited using electron-beam evaporation. In evaporated tanta-
lum films, another structural phase can be formed in addition to the α and β phases. A 
pure fcc structure has been found in very thin films (up to approximately 7-8 nm 
thick), with the bcc phase beginning to form with increasing thickness [22]. Thicker 
films (up to 320 nm) have been shown to have up to 50% fcc structure present, as 
identified by x-ray data [22]. Neal and Bombin [22] determined that in order for the 
fcc phase to form, the pressure during evaporation had to be less than 10
-7 Torr, the 
deposition temperature less than 770 K, and the film thickness small (for pure fcc 
phase). While all three phases have been identified in evaporated films [22-24], little 
work has been done in identifying the deposition conditions under which each of these 
phases will be formed, and no industrial applications of the fcc phase have been re-
ported. 
The crystal structure of sputter-deposited films depends on several factors, the 
most important of which are the substrate and the ion bombardment conditions during 
deposition.  Feinstein and Huttemann [25] reported three classes of substrates: (I) ox-
ides, or substrates that readily form surface oxides in air at room temperature (glass,     7
Ta2O5, quartz, sapphire, Cu, Ni, Si, and SiO2) nucleate the β phase; (II) substances 
that do not readily form oxides (Au, Pt, Rh, Be, and W) nucleate bcc tantalum; and 
(III) substances which do not rapidly form surface oxides in air at room temperature 
but that may be oxidized at higher temperatures (Mo, Ta2N, Si3N4), which form the α 
phase when freshly prepared and the β phase when oxidized. This suggests that there 
is a strong heteroepitaxial crystallographic effect on the phase nucleated. The deposi-
tion conditions in the Feinstein and Huttemann study were not greatly varied, and re-
cently, several notable exceptions have been found to these categories. Aluminum, 
which would be classified as a group I substrate material, has been shown to generally 
nucleate bcc tantalum [26], and Si and SiO2 substrates can nucleate either the α or β 
phase, depending on the ion bombardment conditions [27, 28]. More recently, Hieber 
and Lautenbacher [29] proposed that the formation of the β phase depends on the abil-
ity of the depositing tantalum atoms to react with the substrate and form a thin inter-
layer upon which the β phase can grow. 
The sputtering conditions, primarily the ion energy and flux of the bombarding 
species, can have a large effect on the crystal structure nucleated. The substrate tem-
perature, however, appears to have little effect on the structure deposited until very 
high temperatures are reached (~ 600º C) where films that would be deposited in the β 
phase at lower temperatures instead form the bcc structure [30, 31]. Ion energy and 
flux can be controlled by either changing the substrate bias in the sputtering process 
[28], which affects both ion energy and flux, or by using dual rf excitation plasma 
process equipment, which can independently control bombardment energy, ion flux, 
and film growth rate [27]. Ino et al. have shown that the percentage of bcc phase in a 
film (as measured by x-ray texture analysis) is maximized at low ion bombardment 
energies and high flux, as can be seen in Figure 1.2 [27]. On Si and SiO2 substrates, 
low flux values will produce films that are almost entirely β Ta, regardless of the      8
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Figure 1.2: (a) Fraction of α Ta as a function of argon ion energy in a dual rf excita-
tion plasma sputtering process at two different values of relative ion flux (ni indicates 
the normalized ion flux, the number of bombarding Ar ions per Ta atom deposited) 
and (b) resistivity and % α Ta as a function of argon ion flux at an ion energy of 10 
eV [27]. The data are from films deposited on SiO2 substrates.     9
bombardment energy, while high energy bombardment will always produce the β 
phase, regardless of the flux. The majority of bombardment conditions will cause for-
mation of the β phase, but there is a narrow region of low-energy, high-flux bom-
bardment that will cause α Ta to nucleate [27] (see Figure 1.3). This result is very im-
portant for the large number of microelectronics applications where a particular crystal 
structure is desired for its resistivity or patternability properties. 
 
1.3.2  Dependence of stress on deposition conditions in β Ta 
The stress dependence on deposition conditions is important for films used in many 
types of devices. As tantalum films in devices operated at low temperatures are 
unlikely to experience significant structural changes or stress relaxation at or near 
room temperature due to the very low homologous temperatures and slow self-
diffusivity, and the majority of the stress in these films will be due to the deposition 
process. In addition, the stresses in films exposed to higher temperatures where struc-
tural changes do occur can be strongly affected by deposition stresses. 
Little work has been done to characterize stress levels in evaporated films. In the 
absence of external ion bombardment, evaporated Ta films are generally in a state of 
tensile stress [24]. This can be explained by the non-equilibrium growth conditions 
inherent in evaporated metal films when substrate temperatures are low [32]. As film 
atoms are deposited, there is typically not enough thermal energy for the atoms to 
reach equilibrium positions, and thus they are “frozen” into non-equilibrium positions 
by subsequently deposited atoms. Tensile stresses will form as the film is constrained 
from shrinking to a more energetically favorable configuration due to its interaction 
with the substrate. 
Two main factors influence the as-deposited stress in sputtered tantalum films: 
sputtering pressure and substrate bias voltage. Of secondary importance are the sput-      10
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.3: “Window” for α Ta growth in Ar ion flux and energy for sputter deposited 
films on SiO2 substrates [27].     11
tering gas used, substrate temperature, sputtering power, and the geometry of the sys-
tem. As seen in Figure 1.4, lower sputtering pressures during tantalum film deposition 
(at a constant target-to-substrate distance, substrate bias, film thickness, and low sub-
strate temperature) result in more compressive stresses, while higher sputtering pres-
sures yield more tensile stresses [24]. This is consistent with trends found for sputter 
deposition of many other materials as well [32]. Tensile stresses occur at high sputter-
ing pressures as the film sees very little bombardment. Thus, depositing adatoms do 
not have enough energy to move from where they land on the substrate, and the film 
forms in a low-density structure similar to that of an evaporated film [32]. As the sput-
tering pressure is decreased, the ion bombardment becomes more energetic and gives 
depositing adatoms enough energy to reach local equilibrium positions, resulting in a 
near-zero stress state. Compressive stresses are reached at even lower pressures when 
the bombarding species have enough energy to embed themselves into interstitial sites 
below the film surface, causing an expansion of the lattice and an increase in the equi-
librium in-plane dimensions of the film relative to the substrate [32].   
Figure 1.5 shows how the stress in as-deposited tantalum films varies with sub-
strate bias, with a peak in the compressive stress between –100 and –200 V [28]. The 
substrate bias also has a significant effect on the crystal structure, with films deposited 
on silicon substrates forming α Ta with little or no bias applied, and becoming nearly 
all β phase with –100 V or greater applied voltages. The increase in substrate bias in-
creases the average energy of the bombarding species, so that more atoms are im-
planted and a higher compressive stress is reached up to about –200 V. It has been 
theorized that plastic flow begins at this point for Ta films and lowers the stress levels 
as the bias voltage increases further [33]. 
     12
 
 
 
 
 
 
Figure 1.4: As-deposited stress as a function of deposition pressure in β Ta films de-
posited on thermally oxidized silicon wafers [24].     13
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.5:  As-deposited stress as a function of substrate bias in tantalum films sput-
ter-deposited onto silicon substrates [28].     14
1.3.3   Thermal cycling and microstructure evolution 
A change in temperature of a film/substrate system will cause a change in stress in the 
film if the coefficients of thermal expansion (CTE) of the two materials are different. 
This is used in Chapter 5 to determine some of the physical properties of β phase tan-
talum films. In the case of a tantalum film on a silicon substrate, tantalum has a sig-
nificantly higher CTE (6.3 × 10
-6/°C for bulk bcc tantalum at room temperature) [34] 
than silicon (2.6 × 10
-6 /°C for (100) single crystals at room temperature) [35] and 
thus, an unconstrained film would expand more quickly than the substrate as the tem-
perature is increased. A strain is induced in the film as it is constrained to adopt the in-
plane dimensions of the thicker substrate. The in-plane strain, εthermal, can be deter-
mined with knowledge of the CTE of the film, αf, and substrate, αs, as a function of 
temperature according to: 
() () { } ∫ − − =
T
T s f thermal
o
T T α α ε dT.    (1.1) 
Approximating the CTE values as constants over the temperature range of interest, 
this equation can be simplified to: 
( )( ) T T T s f thermal ∆ ∆ − = − − − = α α α ε 0    (1.2) 
where ∆T is the change in temperature. Assuming an equal biaxial stress state and iso-
tropic elastic deformation, the in-plane change in stress in the film, ∆σ, is given by: 
     ∆σ = Yf thermal ε      (1.3) 
where Yf is the biaxial elastic modulus of the film. 
In addition to the changes in stress and strain from differential thermal expansion, 
thermal cycling can also have various effects on the crystal structure, morphology, and 
composition, all of which can affect the resultant stress in a film. Some of the more 
prominent effects on stresses in films can result from grain growth, oxidation, and 
crystal texture or phase changes that may occur at elevated temperatures. These proc-
esses are relevant primarily to the discussion of stress evolution in Chapter 3 but also     15
to the microstructural studies in Chapters 6 and 7 and will be discussed in the follow-
ing sections. 
 
1.3.3.1 Grain growth 
Very little has been reported regarding grain growth during annealing in tantalum 
films, with no numerical data available on grain sizes after annealing. As-deposited 
grains are generally columnar, with diameters of around 20–60 nm, depending on the 
film thickness and deposition conditions [26, 27, 36]. It has been reported, however, 
that grains that remain (002) β Ta show “almost no change” in grain size during an-
nealing to 500°C [26], while grains that transform into α phase show a dramatic in-
crease in grain size, towards the value of the Ta layer thickness [26]. Grain growth 
causes a densification of the film from the reduction of free volume associated with 
grain boundaries which leads to an increase in stress in the tensile direction, according 
to the equation: 
⎟ ⎟
⎠
⎞
⎜ ⎜
⎝
⎛
− − = ∆
0 1
1 1
d d
Yfδ σ    (1.4) 
where δ is the excess free volume per unit area of the grain boundary (typically ~ 1 
Å), and d0 and d1 are the initial and final grain sizes, respectively [37]. This equation 
applies to cases where the film is isotropic in plane and the biaxial elastic modulus 
remains constant during grain growth. However, it appears that for temperatures below 
~ 750°C, grain growth in tantalum films does not occur independently of the phase 
transformation. 
 
1.3.3.2 Oxygen incorporation 
In general, oxygen will begin to diffuse into tantalum films when heated to tempera-
tures above 250−300°C in oxygen-containing atmospheres [5, 38-41], with kinetics as     16
described by Lugomer et al [41]. At these temperatures, oxygen is absorbed even with 
only minimal partial pressures present [36, 42]. Oxygen diffuses into a tantalum film 
during annealing rather than forming only a surface oxide, and it has been observed 
that a thin layer of tantalum oxide will be absorbed into a thicker tantalum layer when 
annealed to temperatures above ~ 375°C under high vacuum conditions [8, 43].  
Some studies [13, 44, 45] have reported large changes in stress in the compressive 
direction in films cycled between room temperature and 400−450°C. In these studies, 
stresses were determined from changes in substrate curvature measured in inert gas 
purged but nonetheless oxygen-containing atmospheres, and the stress changes were 
attributed to the incorporation of oxygen into the film. At temperatures above ~ 
300°C, compressive stresses were observed to increase with each thermal cycle, reach-
ing a magnitude of ~ -6 GPa [44] (Figure 1.6). Cabral et al. [44] determined that while 
the crystal structure remained that of the β phase, Auger electron spectroscopy (AES) 
depth profiling indicated that more than 10 at.% of oxygen was incorporated uni-
formly through the thickness of the film (Figure 1.7). In a different experiment by 
French and Bilello in which similar films were heated to 600°C in air, the films com-
pletely oxidized to form Ta2O5, and compressive stresses of up to -4 GPa were ob-
served before the films started to blister in order to relieve stress [46]. 
  
1.3.3.3 Phase transformation 
The transformation from β to α has been studied in a number of systems with widely 
varying results. Depending on the substrate, annealing atmosphere, and deposition 
conditions, the transformation has been observed beginning at temperatures as low as 
200−400ºC [26] in some systems and not completing until temperatures of 800ºC or 
higher in others [47]. The annealing atmosphere has an enormous impact, as even 
small amounts of oxygen in the atmosphere have been shown to inhibit the phase      17
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.6: Increase in compressive stress of an unpassivated β Ta film with thermal 
cycling in a helium atmosphere with a small amount of oxygen contamination [44]. 
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Figure 1.7: AES depth profile of a Ta film before and after thermal cycling seven 
times to 400ºC in a helium atmosphere with a small amount of oxygen contamination 
[44].     19
transformation [36, 42]. To the author’s knowledge, until the work detailed later in 
this thesis, no annealing studies had been performed in which atmospheric conditions 
were used that would effectively prevent oxidation (the lowest base pressure previ-
ously recorded had been 10
-6 Torr) [47]. 
Clevenger et al. [24] reported that the phase transformation is generally accompa-
nied by a large change in stress in the tensile direction (measured by changes in sub-
strate curvature during annealing in an inert gas purged atmosphere),
 as shown in Fig-
ure 1.8. The data from this paper represent the only published results of the ther-
momechanical behavior of tantalum films during the β−α phase transformation prior 
to the work presented in this dissertation. While no x-ray data or other direct determi-
nation of crystal structure are shown in this paper, Clevenger et al. do show an abrupt 
decrease in the electrical resistivity of the film that is consistent with the change from 
β to α over the same temperature range as the increase in tensile stress and have stated 
that x-ray diffraction data were consistent with the phase transformation. Clevenger et 
al. [24] also report a “stress anomaly” in many of their films around 400ºC, where the 
stress increased abruptly in the tensile direction but found no “significant structural 
changes” that correlated with it. These data and their interpretation are discussed fur-
ther in Chapter 3. 
 
1.4  Kinetics of solid-solid phase transformations 
A phase transformation from one crystal structure to another can occur in a material 
when that transformation results in a decrease in the Gibbs free energy of the system, 
such as in the β−α phase transformation in Ta films. However, a reduction in free en-
ergy does not guarantee that such a transformation will take place. Typically, there is a 
significant energy barrier which must be overcome before a phase trans-formation can 
occur. This barrier can be overcome through the random thermal motion of the atoms     20
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 1.8: Stress as a function of temperature during β to α phase transformation in a 
100 nm sputtered Ta film [24]. 
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in the material by a process called thermal activation. The probability that any particu-
lar atom will have sufficient energy to pass over the activation barrier is given by exp 
(-∆Ga / kT), where ∆Ga is activation free energy barrier and k is Boltzmann’s constant. 
Thus, the rate at which the transformation progresses will be proportional to this quan-
tity. A number of other factors can also have an impact on the rate at which a phase 
transformation occurs. These will be detailed in the following sections and also serve 
as necessary background for the discussion in Chapter 3 of the mechanism of the β−α 
phase transformation in tantalum films and how oxygen inhibits it.  
 
1.4.1 Diffusion 
One of the most fundamental means by which a phase transformation can occur is 
through diffusion. Diffusion is critical for the initial formation of second phase nuclei 
in a solid and is the rate-limiting process in many phase transformations. In addition, 
the diffusion of impurity atoms into a film can have a large impact on its behavior. As 
the study of diffusion is much too large to be completely summarized here, this review 
will be limited to a brief overview of the atomic mechanism of diffusion and the cal-
culation of the intrinsic diffusivity for different types of diffusion along the lines of 
those found in Shewmon [48] or Porter and Easterling [49]. 
As most studies of diffusion involve atoms diffusing in response to a concentration 
gradient, this discussion will begin in a similar manner. In the exchange of atoms be-
tween two adjacent atomic planes, a distance δ apart, the net flux of atoms jumping 
from plane 1 to plane 2, J, is given by: 
() Γ − = 2 1 6
1
n n J      (1.5) 
where Γ is the jump frequency and n1 and n2 be the numbers of diffusing atoms per 
unit area of the two planes of interest. The quantity ( ) 2 1 n n −  can be related to the con-
centration by observing that  1 1 / c n = δ  and  2 2 / c n = δ , where c1 and c2 are the con-    22
centrations per unit volume of diffusing atoms. Assuming the concentration changes 
slowly enough to be considered linear over such short distances, 
x
c
c c
∂
∂
− = − δ 2 1      (1.6) 
where  x c ∂ ∂ /  indicates the concentration gradient with position. Thus, the net flux can 
be written as: 
x
c
J
∂
∂
Γ − =
2
6
1
δ      (1.7) 
If we define a diffusion coefficient as: 
     Γ =
2
6
1
δ D       ( 1 . 8 )  
and substitute, we get: 
    
x
c
D J
∂
∂
− =       ( 1 . 9 )  
which is known as Fick’s first law of diffusion. 
The diffusion coefficient is an important quantity in diffusion problems, as it al-
lows for quick estimation of the net distance, r, an atom undergoing random walk dif-
fusion will travel in a given amount of time, t, from: 
     Dt r 4 . 2 =       ( 1 . 1 0 )  
As D depends linearly on the jump frequency, Γ, it is useful to examine some of the 
factors that determine the magnitude of Γ. 
We first consider interstitial diffusion, which generally occurs by smaller atoms 
diffusing through a parent crystal lattice of larger atoms along interstitial locations. In 
order for an interstitial atom to move from its current position to an adjacent intersti-
tial position, the parent lattice must be briefly forced apart into higher energy posi-
tions. The work that must be done to accomplish this is known as the activation en-
ergy, ∆Ga. On average, the fraction of atoms with sufficient energy to accomplish such 
a jump is given by exp (−∆Ga / RT). Thus, if an interstitial atom is vibrating at a fre-
quency ω, it makes ω attempts to jump per second, with the number that are successful     23
given by exp (−∆Ga / RT). For an atom surrounded by z sites in three-dimensional 
space to which it can jump, the jump frequency is given by: 
     ⎟
⎠
⎞
⎜
⎝
⎛ ∆
− = Γ
RT
G
z
a exp ω        ( 1 . 1 1 )  
As the activation energy can be considered to be the sum of a large activation en-
thalpy, ∆Ha, and a small activation entropy term, −T∆Sa, the diffusion coefficient for 
interstitial diffusion, Di, can be written as: 
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By grouping all of the temperature-independent terms into a single material constant, 
Dio, the diffusion coefficient can be expressed as a simple Arrhenius-type equation: 
     ⎟
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1 2 ω δ     (1.14) 
Thus, D and Γ both increase exponentially with temperature at a rate determined by 
the activation enthalpy. Often, ∆Ha is written as Q to more generically denote an acti-
vation barrier. 
For self-diffusion in a pure metal, a similar situation occurs with the exception that 
a diffusing atom is no longer surrounded by available sites to which it can jump. Va-
cant sites in the lattice are necessary to accommodate diffusion in this case; if an atom 
has no vacancies neighboring it, it cannot jump to an adjacent site. This is manifested 
by an extra term in the jump frequency equation that indicates the probability of a lat-
tice site being vacant, exp(−∆Gv/RT). Thus, the diffusion coefficient for self-diffusion, 
Dl, can be written as: 
     ( )
⎟
⎠
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where  
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and ∆Hv and ∆Sv are the enthalpy and entropy of vacancy formation, respectively. 
Note that here, Ql = ∆Ha + ∆Hv. As can be deduced from the additional energy term, 
substitutional self-diffusion generally occurs at a significantly slower rate than inter-
stitial diffusion. 
In a similar manner, diffusion can occur at much faster rates when atoms are dif-
fusing through regions with lower activation energies, such as along grain boundaries 
or free surfaces. It has been found experimentally that diffusion along grain bounda-
ries and free surfaces can be described by: 
     ⎟
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where Db and Ds are the grain boundary and surface diffusivities, Qb and Qs are ex-
perimentally determined activation energies, and Dbo and Dso experimentally deter-
mined constants. For grain boundary diffusion in polycrystalline metals, Dbo is usually 
approximately equal to Dlo, while Qb is about 0.4–0.5 Ql [48, 50]. In general, Ds > Db 
> Dl at any given temperature. 
While Fick’s first law is based on the assumption that diffusion eventually stops 
and equilibrium is reached when concentrations are the same everywhere, this is usu-
ally not the case in real materials. As most materials contain defects such as grain 
boundaries, phase boundaries, dislocations, and lattice defects, some atoms (often im-
purities) can lower their free energy by migrating to these locations. Thus, at “equilib-
rium,” the concentration of impurities may be much higher in the vicinity of these de-    25
fects than in the lattice. This segregation of atoms to grain boundaries, interfaces, and 
dislocations is of great technological significance and will be discussed in further de-
tail in the following section. 
 
1.4.2  Kinetics of boundary migration and solute drag 
A phase or grain boundary will often move so as to reduce the total energy of a sys-
tem. In a polycrystalline material, grains will grow to reduce the excess free energy 
associated with grain boundaries. A phase boundary will move as a metastable phase 
transforms into a more stable, lower energy structure. A boundary will move by the 
net flux of atoms from one side of the boundary to the other. Much like in diffusion, 
there is an activation energy barrier that must be overcome for an atom to make such a 
jump. 
In order for an atom to jump across a boundary, it must acquire an activation en-
ergy of ∆Ga. If there are n atoms per unit area along the boundary, each vibrating with 
a frequency ω, the number of atoms per unit area per unit time able to successfully 
jump across the boundary will be given by nω exp(−∆Ga/RT). For a boundary in equi-
librium, there are an equal number of atoms jumping in either direction. In order for a 
boundary to move, there must be a net flux of atoms in one direction. Consider two 
neighboring grains of similar composition and density. If there is a driving force, ∆G, 
for atoms to move from one grain to the other, the net flux of atoms across the bound-
ary, Jnet, will be given by 
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Thus, if ∆G = 0, there will be no net flux and the boundary will be stable. If ∆G ≠ 0, 
there will be a net flux of atoms and the boundary will move. The speed of the bound-
ary, v, can be related to the net flux by     26
     
a
net V
v
J =      ( 1 . 2 0 )  
where Va is the atomic volume. Substituting into Equation 1.19 and assuming that the 
driving force is small compared to RT gives a boundary speed of 
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Thus, for a driving force that is small compared to RT, the boundary velocity scales 
linearly with ∆G. 
As was mentioned previously, impurity atoms often segregate to low energy posi-
tions in grain or phase boundaries. This can have a substantial effect on the ability of 
such boundaries to move in response to a driving force. If the boundary starts to move, 
these impurity atoms will be left behind in higher energy locations. The boundary will 
thus exert an attractive force on these atoms causing them to preferentially diffuse in 
the direction of the moving boundary. These impurity atoms will, in turn, exert a force 
on the boundary, slowing its movement. If the boundary moves slowly enough, the 
impurities will move along with the boundary. This phenomenon is known as impurity 
drag or solute drag. A basic treatment of this effect after Lucke and Detert [51] is pre-
sented here; more detailed analyses can be found elsewhere [52-60]. 
For the case where the boundary moves slowly enough for the impurities to move 
along with it, the average drift velocity of the atoms is given by 
      f
kT
D
vdrift =      ( 1 . 2 2 )  
where D is the lattice diffusivity of the impurity atoms and f is the average value of the 
attractive force applied by the boundary. As the impurity atoms are moving along with 
the boundary, this will also be the boundary speed. The total force on the boundary 
will be given by nf, where n is the number of impurity atoms per unit area along the 
boundary. If the boundary is assumed to move at a constant speed, the drag force must     27
be equal to the driving force for boundary motion, P. Thus, Equation 1.22 can be re-
written as: 
     
nkT
DP
v =      ( 1 . 2 3 )  
Note that this predicts that the boundary speed will increase linearly with increased 
driving force and diffusivity of the impurity atoms and will decrease linearly with im-
purity content. While this is an overly simplistic model of what actually occurs in the 
boundary, it correctly predicts the direction of trends in speed with each of these vari-
ables. The actual relationships are, however, much more complex. It has been ob-
served that very little effect on the boundary speed is seen until a certain critical con-
centration of impurities is reached [51-53], and that there can often be very large 
changes in boundary speed with small changes in impurity concentration, driving 
force, or temperature [53]. 
 
1.4.3  Kinetics of phase transformations 
Diffusion and thermally activated boundary migration are the primary mechanisms by 
which phase transformations typically occur in metals. Some of the issues associated 
with the kinetics of such transformations are discussed in below. 
 
1.4.3.1 Nucleation and growth 
Nucleation during a phase transformation is the initial formation of stable second 
phase regions in an otherwise metastable matrix. In solids, nucleation is almost always 
heterogeneous, occurring in high-energy sites such as those containing defects like 
dislocations, grain boundaries, or inclusions. If the creation of a nucleus results in the 
destruction of all or part of a defect, the free energy released, ∆Gd, will act to reduce 
the activation energy barrier for the formation of a nucleus. In general, the total 
change in free energy during heterogeneous nucleation, ∆Ghet, can be expressed as     28
    ( ) d s v het G A G G V G ∆ − + ∆ − ∆ − = ∆ γ     (1.24) 
where V is the transformed volume, ∆Gv is the change in free energy per unit volume 
due to the transformation, ∆Gs is the increase in free energy due to additional misfit 
stain arising from a change in density during the transformation, and Aγ gives the in-
crease in energy due to the creation of additional surfaces. If these energies are 
known, a critical nucleus size can be calculated. Nuclei larger than this critical size 
will be stable and continue to grow, while smaller nuclei will be unstable and may re-
turn to their previous state. One of the most common locations for the formation of 
nuclei in polycrystalline materials is at grain boundary triple junctions. These loca-
tions allow a forming nucleus to maximize the ∆Gd term and result in a smaller critical 
nucleus size. 
Once stable transformed nuclei have formed in a material, they will start to grow 
into the surrounding metastable matrix. How this occurs often depends on the nature 
of the phase transformation. If the two phases have significantly different composi-
tions, as is often the case in many alloys, long-range diffusion through the lattice, as 
described in Section 1.4.1, will be necessary for the transformation to proceed. If this 
is typically the rate-limiting step, such transformations are said to be diffusion-
controlled. If the two phases have similar compositions, such as in polymorphic trans-
formations of a single component system or massive transformations in alloys, no 
long-range diffusion is necessary for the phase front to progress through a material. 
The phase front can progress via thermally activated hopping of atoms across the 
boundary, as described in Section 1.4.2. Such transformations are said to be interface-
controlled. A more detailed discussion of these mechanisms can be found elsewhere 
[61]. Regardless of the mechanism for growth, these phase-transformed materials of-
ten have grain sizes that are very different from their precursors that are a result of the 
relative rates of nucleation and growth.     29
Note that impurities can have a significant impact on both the nucleation and 
growth processes. In addition to the solute drag phenomenon discussed in the previous 
section, the presence of small amounts of impurities (~ 0.01%) has been seen to sig-
nificantly reduce the nucleation rate in aluminum alloys during recrystallization ex-
periments [51]; it is possible that impurities may reduce nucleation rates for phase 
transformations in a similar fashion. Note also that while small amounts of impurities 
can play a large role in the kinetics of interface-controlled growth, they should not be 
as important in diffusion-controlled processes. 
 
1.4.3.2 Shear transformations 
At low homologous temperatures, there is often insufficient thermal energy for atoms 
to overcome their activation energy barriers for diffusion or for thermally activated 
jumping across a boundary. However, phase transformations can occur at low tem-
peratures in a number of materials, most commonly with the martensitic transforma-
tion in quenched steels. This type of transformation is more generally known as a 
shear transformation. It involves no significant diffusion or other thermally activated 
motion of atoms but rather relies on the coordinated movement of many atoms over 
distances of less than an interatomic spacing. These regimented movements are some-
times termed “military” in contrast to the random walk, or “civilian,” movement of 
atoms during diffusion. While the method by which shear transformations occur is not 
well-known and a detailed discussion of the current theories is beyond the scope of 
this review, one of the main characteristics of these transformations of interest in the 
current study is that at there can be no grain growth during shear transformations. This 
fact can be of use in identifying the mechanism by which a phase transformation oc-
curs and is discussed further in Chapter 3.     30
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 Chapter 2 
 
 
Experimental Details 
 
2.1 Overview 
 
This chapter contains information not included in Chapters 3-7 about the experimental 
methods used in this thesis. It comprises a brief overview of the UHV sputter deposi-
tion and stress measurement system used in this work, as well as details about the dif-
ferent microstructural analysis techniques that were employed, including a review of 
the function and limitations of the electron backscatter diffraction (EBSD) techniques 
used in Chapters 6 and 7. 
 
2.2  Film deposition and thermal cycling 
Film deposition and thermal cycling were conducted in a custom-made UHV sputter 
deposition and stress measurement system, shown schematically in Figure 2.1. The 
system consists of a high vacuum load-lock chamber and three UHV chambers with 
typical base pressures below 10
-9 Torr: a sputter deposition chamber, a sample heating 
chamber for in situ substrate curvature stress measurements, and a transfer chamber. 
All samples studied in this thesis were prepared in the following manner. 100 mm 
diameter (100) oriented single crystal silicon or amorphous fused silica substrates 
were placed into the load-lock chamber, which was evacuated to a pressure less than 
10
-8 Torr before introduction to the transfer chamber. A manipulator arm in the trans-
fer chamber was used to move the substrates from the load-lock to the sample heating 
chamber, where a reference substrate curvature measurement was taken. From there,  
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Figure 2.1: Schematic diagram of the UHV system used for deposition and thermal 
cycling of the tantalum films investigated in this thesis. 
 
 
   36the substrate was moved to the deposition chamber, where films were sputter depos-
ited as described in Chapters 3-7. Following deposition, samples were returned to the 
sample heating chamber using the manipulator arm. In this chamber, samples were 
subjected to thermal cycling while film stresses were monitored by substrate curvature 
measurements [1-3] performed using a two-dimensional laser scanning method in 
which substrate curvature was measured in two perpendicular directions across the 
substrate surface [4]. Further details regarding the UHV system can be found else-
where [4]. 
Average biaxial stress in a thin film can be determined from changes in substrate 
curvature. Edge forces exerted on the substrate by the biaxial stress in the film cause 
the substrate to deform elastically in biaxial bending. The amount of bending depends 
on the stress in the film, σf, the thicknesses of the film and substrate, tf and ts, and the 
biaxial elastic modulus of the substrate, Ys, according to: 
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where K is the curvature and R is the radius of curvature. Thus, the stress in a film can 
be determined from the curvature by: 
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Note that equations 2.1 and 2.2 assume an initially flat substrate. As typical substrates 
will almost always have some initial curvature, Ko, K must be replaced by 
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which is commonly known as the Stoney equation [1]. This method of determining 
stresses in thin films can be very useful, as it requires no information regarding the 
material properties of the film, which are often unknown. Note that stresses induced in 
   37the film due to the curvature of the substrate or to the compliance of the substrate are 
ignored in this calculation. As the maximum curvature and stress in the substrate are 
both small for the current studies (~ 0.05 m
-1 and 1 MPa, respectively), their effect on 
the resultant film stress is negligible (± ~ 1.5 MPa).  
The design of the UHV sputter deposition and stress measurement system is par-
ticularly useful in this work due to the high degree of atmospheric control during sam-
ple synthesis, testing, and the time between. Using this system, it is possible to deposit 
and thermally cycle films without significant exposure to reactive atmospheric con-
taminants such as oxygen. It is also possible to expose samples to controlled amounts 
of impurities at any time by the use of leak valves located in both the sputter deposi-
tion chamber and the sample heating chamber. This allows the effects of small 
amounts of contaminants added at various times during the deposition and testing 
process to be studied precisely. 
While this particular UHV system is well suited to the requirements of the experi-
ments performed in this thesis, there are certain limitations in the data that could be 
collected, primarily associated with the sample heating chamber. Temperature control 
during thermal cycling was not precise in UHV, as heat transfer could only be accom-
plished by radiation. As such, ramp rates were somewhat variable, with oscillations in 
temperature of up to ± 15°C. The ramp rates during heating reported in later chapters 
were an average over ~ 40°C. While the ramp rates during much of the cooling half-
cycle did not suffer as much local variation due to the low power output required, the 
cooling rate was highly dependent on temperature, especially below 200°C. Cooling 
from 200°C to room temperature generally took several hours, much slower than the 
average ramp rates over the rest of the experiment (typically ~ 5°C/min.) Fortunately, 
slow cooling rates did not appear to greatly affect the thermomechanical behavior of 
the tantalum films, as the homologous temperature was too low for significant stress 
   38relaxation to occur. Previous thermal cycling experiments using this UHV system had 
been performed using 1 Torr of filtered ultra-high purity helium to promote more con-
trollable heat transfer rates [4, 5]; this method proved unsuccessful in studying tanta-
lum films as even the filtered helium contained sufficient oxygen to noticeably affect 
the thermomechanical behavior of the films studied.  
Uncontrollable variations in the temperature ramp rate of samples thermally cycled 
under UHV conditions led to some uncertainty in the temperature during stress-
temperature measurements. As a substrate curvature measurement would take up to 10 
seconds to complete, there were occasionally changes in temperature of several de-
grees while the measurement took place. This can be described by a maximum uncer-
tainty in the temperature during heating of ± 3°C near the end of the heating half-
cycle. As the cooling rates did not suffer as much local variation, the temperature un-
certainty was approximately ± 1°C during the cooling half-cycle.  
In addition to this uncertainty in temperature, precision in stress measurements 
was limited to ± ~ 10 MPa, primarily due to vibrations in the room. Absolute system 
accuracy was difficult to gauge. Small shifts in substrate position between the meas-
urements of Ko and K could lead to substantial changes in calculated stress values, as 
the initial curvature of a substrate is typically non-spherical. Often, the differences in 
stress calculated in two perpendicular directions in the plane of the film were as high 
as 100 MPa. As the average of these stress values is reported in later chapters, it is not 
unreasonable to assign an uncertainty in absolute stress of ± 50 MPa. 
 
2.3 Microstructure  analysis 
As the UHV chamber was not outfitted for microstructure characterization, all charac-
terization was performed ex situ. A variety of techniques were used to determine the 
crystal structure and orientation distribution (both locally and globally), dislocation 
   39structure, and thickness of different tantalum films. Details of these measurements are 
given in the following sections. 
 
2.3.1 X-ray  diffraction 
Symmetric x-ray scans, where 2θ varies and the scattering vector is always normal to 
the sample surface, were performed using a Scintag, Inc. θ-θ diffractometer shown 
schematically in Figure 2.2. These scans were performed primarily to determine the 
tantalum crystal phase(s) present in a given sample and also provided some informa-
tion about the orientation distribution of these crystal structures, giving a qualitative 
measure of which crystal planes were aligned parallel to the film surface. X-rays were 
generated from a copper source having a K-α wavelength of 1.5405 Å. All scans 
shown in Chapter 3 were performed with the source voltage set at 45 kV and the de-
tector current at 40 mA. The slits used (as shown in Figure 2.2) were 1 mm for the di-
vergent beam slit and 3 mm for the scatter slit on the source, and 0.3 mm for the scat-
ter slit and 0.1 mm for the diffracted beam slit on the detector. Samples were cut so as 
to ensure a uniform beam footprint on each. 
For the small-grained as-deposited β phase films, θ-2θ x-ray scans were also used 
to determine average grain size. The grain size, d, of very small crystallites can be de-
termined from the measured width of their diffraction curve using Scherrer’s formula 
[6]: 
     
B B
d
θ
λ
cos
≈      (2.2) 
where λ is the wavelength of the incident x-rays, B is the full width of the x-ray peak 
at half of it’s maximum intensity, and 2θB is the nominal 2θ value of the peak. Note 
that this is only an approximate value and does not account for other factors that may 
cause peak broadening, such as inhomogeneous stresses in the sample. 
B
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Figure 2.2: Schematic diagram of the 2-circle θ-θ diffractometer. 
 
 
   41A series of rocking scans, where 2θ is held constant and the angle between the x-
ray source and the sample plane, ω, varies, were used to quantitatively estimate the 
volume fraction of β phase remaining in a film after thermal cycling to various tem-
peratures. This is possible because the β phase is very well textured in the films stud-
ied here, with (002) planes oriented within a few degrees of the surface and a random 
in-plane orientation. The “volume” of the (002) β phase x-ray peak, given by the in-
tegrated intensity of the series of rocking scans, can thus be used to estimate the 
amount of β phase in a given sample by comparing its (002) β phase peak volume to 
that of an as-deposited film that is roughly 100% β phase. To measure the peak vol-
ume, a series of nine rocking scans in ω was taken for each sample with 2θ values 
varying by 0.1°, centered at the 2θ value corresponding to (002) β peak maximum in 
a θ-2θ scan. Peak volume was calculated by multiplying each peak area in ω by a 
width of 0.1° in 2θ and summing over the series of rocking scans. The amount of β 
phase remaining in a given sample was estimated by the ratio of the peak volume of 
the sample of interest to the peak volume of an as-deposited film. 
A similar analysis was performed on several samples using a General Area Detec-
tor Diffraction Source (GADDS). Samples were scanned in GADDS using a geome-
try similar to that of a θ−θ diffractometer, but with a CCD area detector instead of a 
line detector. In this way, a range of 2θ and ω angles can be observed simultaneously 
and peak volumes can be found in a single scan. Peak volume analysis in GADDS 
has the advantage of being much faster than the series of rocking scans described 
above, but it is also less accurate due to the limited resolution of the detector. 
 
2.3.2  Electron backscatter diffraction (EBSD) 
EBSD was used to characterize the microstructure of all α phase samples. The tech-
nique is based on the acquisition and rapid automated analysis of diffraction patterns 
   42from samples in a scanning electron microscope (SEM). A schematic of a typical 
EBSD setup is shown in Figure 2.3 [7]. An electron beam is focused onto the sample 
surface at an incident angle 70° from the surface normal. As the electron beam enters 
the crystal, it scatters diffusively in all directions. As a result, there are always some 
electrons arriving at the Bragg angle for every set of lattice planes, diffracting a por-
tion of the incoming beam. The source of electron scattering can be considered to be 
between lattice planes, and thus two cones of radiation are produced from each family 
of planes, one from either side of the source [8]. If a recording medium is positioned 
so as to intercept the cones, a pair of parallel conic sections result which are nearly 
straight and appear as parallel lines. These lines are called Kikuchi lines, and each pair 
has a distinct width that corresponds to a distinct set of crystallographic planes. The 
pattern of these lines, called the Kikuchi pattern, contains information regarding all of 
the angular relationships within a crystal. This pattern is captured by a CCD camera, 
noise reduced by averaging over several frames and subtracting background noise, and 
analyzed to determine the three dimensional crystal orientation at that location. By 
scanning an array of points across the sample surface, maps depicting local crystal ori-
entation can be generated. The crystallographic data obtained can be further analyzed 
to generate pole figures or other means of displaying orientation distributions. 
To generate the EBSD orientation maps shown in Chapters 6 and 7, a Leica 440 
SEM operating at an accelerating voltage 25 kV and a probe current of 1.2 nA was 
used in conjunction with an HKL Nordlys II EBSD area detector and HKL’s 
CHANNEL 5 software. Samples were prepared by cleaving a samples into ~ 1 cm
2 
squares and adhering to an aluminum stud using cyanoacrylate adhesive. In order to 
prevent charging of the sample, the perimeter was coated with conductive carbon 
paint, establishing electrical contact between the sample surface and the SEM stud. 
Diffraction patterns were collected using the CHANNEL 5 software with 4×4 binning  
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Figure 2.3: Schematic diagram of a typical EBSD setup [7]. 
 
 
   44and “high” gain, averaged over ten frames, and subjected to a static background sub-
traction before they were analyzed. Band detection was performed using the following 
settings in the CHANNEL 5 software: band center detection, standard divergence, 4–5 
bands detected, and a Hough space resolution of 60. Scans were performed in “beam 
scan” mode and required approximately 0.8 seconds per data point for pattern collec-
tion and analysis. 
Two dimensional orientation maps were generated by scanning a 120 × 120 point 
array with a measurement point spacing of 100 nm. These scans were performed to 
study local orientation variations and to obtain an estimate of the grain size of a sam-
ple. These data are displayed according to their out-of-plane crystal orientation and 
show “high-angle” and “low-angle” grain boundaries, which we have arbitrarily de-
fined as greater than 8° and between 2° and 8°, respectively.  
Noise reduction was performed on most orientation maps using two methods. 
First, the CHANNEL 5 software identified and removed pixels deemed to be wrongly 
indexed. Then, certain non-indexed data points were replaced with an average of the 
surrounding data points. Points that have been indexed incorrectly are called “wild 
spikes” and can sometimes occur when a diffraction pattern is symmetrical or when 
the pattern quality is low [7]. Incorrect indexing is rare in a well-calibrated system, 
and these points usually appear as isolated pixels surrounded by high-angle grain 
boundaries on an orientation map. The software allows such points to be identified and 
removed automatically. Poor pattern quality, usually due to surface irregularities, high 
dislocation densities, or grain boundaries, can also cause the software to be unable to 
identify the crystal orientation of a particular location. These non-indexed points show 
up on an orientation map as black pixels. If a non-indexed point is surrounded by a 
user-determined number of indexed points (from 1–8, we chose 5 for the orientation 
maps shown in Chapters 6 and 7), the non-indexed point is replaced by the average 
   45orientation of its indexed neighbors. In generating orientation maps for the tantalum 
films studied in this work, typically about 80–85% of the points were correctly in-
dexed, with ~ 1–2% wild spikes and the remainder non-indexed. Following noise re-
duction, greater than 90% of the points on an orientation map were indexed. Noise re-
duction was performed only on orientation maps to provide a better representation of 
the local microstructure of these films. A comparison of raw and noise-reduced data is 
shown in Figure 2.4. 
Global orientation distributions were determined from data obtained by scanning a 
much larger area in a sample using a much larger step size (~ 1–2 μm). Several scans 
were performed in various locations on each sample in order to obtain a statistically 
relevant distribution. These data have been displayed in pole figures and inverse pole 
figures generated by the CHANNEL 5 software with a Gaussian width around each 
point of 8°. 
Grain boundary spacing and character were determined from a series of line scans. 
Points along a line on the sample surface were scanned in the EBSD with a step size of 
100 nm over a distance of 40 μm. A series of 5 lines was scanned with a spacing be-
tween lines of 1–2 μm. The particular spacing used for a given sample was determined 
from the estimated grain size (from previously collected orientation maps) such that 
samples with larger grain sizes had a larger spacing between lines. Multiple sets of 
line scans were performed in random locations on the sample surface and with the 
sample rotated randomly around the film normal. Boundary spacing and character 
were determined from misorientation profiles generated along each line. Abrupt 
changes of greater than 2° were considered as boundaries, with the exception of single 
pixel “grains,” which were left out of the analysis as it could not be determined from 
line scans whether these points were correctly indexed. As such, only those grains lar-
ger than ~ 200 nm were considered in this analysis. Grain boundaries were character- 
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Figure 2.4: Comparison of EBSD maps showing (a) raw and (b) noise-reduced data.
   47ized by their misorientation and grouped into the following categories: low-angle (2°–
5°), medium-angle (5°–15°), or high-angle (> 15°). Grain size was determined by the 
mean boundary spacing over all line scans performed on a given sample.  
As many of the grains contained orientation gradients, the axes of rotation between 
neighboring pixels within a grain were identified using MATLAB. The orientation 
data from an EBSD map was exported as a listing of pixel position and a set of three 
Euler angles describing the crystal orientation at that location. Axes of rotation be-
tween neighboring pixels in both sample coordinates and crystal coordinates were cal-
culated from these data and displayed on “rotation pole figures.” Unfortunately, axes 
of rotation between pixels determined from EBSD can have limited accuracy, espe-
cially when dealing with small rotations such as those commonly found in most of the 
samples detailed in Chapters 6 and 7. For the tantalum films analyzed in this thesis, 
the maximum angular uncertainty was estimated at ± 0.1°. As the pixel-to-pixel angu-
lar uncertainty is of the same order of magnitude as the long-range orientation gradi-
ents seen in many samples, there is a large uncertainty in identifying a particular axis 
of rotation, as described by Prior [9] and Bate et al [10], which can be expressed as: 
      ( ) ω δ β / tan
1 − >= <     (2.3) 
where <β> is the average angle error in the misorientation axis and δ the error in de-
termining the misorientation angle ω between pixels, leading to an uncertainty of up to 
20° in the determination of any given axis of rotation. Despite the potential error in 
determining a particular axis of rotation, if consistent long-range orientation rotations 
around a particular axis are present, the data will be distributed around a peak that can 
be detected.  
It has been shown that the “orientation noise” is a strong function of probe current 
in the SEM and that higher current results in less noise and better Kikuchi pattern 
quality [11]. Unfortunately, high probe currents can also adversely affect the spatial 
   48resolution of the scan [11]; thus, the probe current was not altered from its 1.2 nA set-
ting.  
 
2.3.3  Film thickness measurements 
Film thicknesses were measured either using Rutherford Backscattering Spectrometry 
(RBS) or profilometry in CCMR facilities at Cornell University. Film thicknesses de-
termined using profilometry were determined from an average of several scans taken 
across regions near the edge of the substrate that were shadowed during deposition. As 
the film thickness has been shown to vary by ~ 10% from the center to the edge of the 
substrate in this system [4], appropriate corrections were made in the calculations of 
film stress described in Section 2.2. Films analyzed using RBS were subjected to a 
He
2+ ion beam at an energy of ~ 2 MeV and an angle of incidence of ~ 15°. Film 
thicknesses were determined using RUMP analysis, accurate to ± 10Å. Thicknesses of 
films deposited in oxygen-containing atmospheres were not analyzed, as these films 
delaminated after exposure to atmosphere. While RBS can also be used to determine 
film composition, oxygen concentrations were too low to be detected in any of the 
samples analyzed by RBS.  
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3.1 Abstract 
Tantalum thin films were prepared in the metastable β phase, and their thermo-
mechanical behaviors were investigated in situ in an ultrahigh vacuum environment. 
Controlled levels of oxygen were incorporated into the films either during deposition, 
by surface oxidation after deposition, or during thermomechanical testing.  The trans-
formation from the β phase to the stable α phase takes place in conjunction with a dis-
tinct increase in tensile stress. The thermomechanical behavior is strongly affected by 
the amount of oxygen to which the film is exposed and the method of exposure. In-
creasing oxygen content inhibits the phase transformation, requiring higher tempera-
tures to reach completion. It is shown that the phase transformation takes place by a 
nucleation and growth process that is limited by growth. Changes in the activation en-
  51ergy for the phase transformation due to solute drag are estimated as a function of 
oxygen content and the mechanisms behind the stress evolution are elucidated. 
 
3.2 Introduction 
Tantalum thin films are of interest for use in micro- and nano-fabricated devices be-
cause of the wide range of properties available. Depending on the deposition condi-
tions and substrate, Ta films can be formed with one of two different crystal structures 
[1-5]: the stable bcc α phase, or the metastable tetragonal β phase [6-8]. The β phase 
is found only in thin films and has a high resistivity (~ 180 μΩ cm), making it suitable 
for thin film resistors and heaters [1, 9-11]. It is easier to pattern using reactive ion 
etching than the α phase [12] and is therefore also used for masks in x-ray optics [12, 
13]. The α phase is the only known stable polymorph of tantalum. It has a much lower 
resistivity (~ 13 μΩ cm), is less brittle, and is commonly used for thin film capacitors 
[9-11]
 and is preferred as a diffusion barrier between copper and silicon in microelec-
tronic devices [14-16]. 
Stresses that build up in these films during thermal cycling can cause reliability 
problems in devices, as they may lead to cracking or delamination [17, 18]. Two proc-
esses having to do with irreversible microstructural changes can act to produce very 
large changes in stress in Ta films during thermal cycling: the incorporation of oxygen 
into the film and the β−α phase transformation. Two distinct types of thermo-
mechanical behavior corresponding to these processes have been reported for Ta 
films, as shown in Figure 3.1.  
A few groups [17-19] have reported large changes in stress in the compressive di-
rection in films cycled between room temperature and 400−450°C (e.g. Figure 3.1a). 
In these studies, stresses were determined from changes in substrate curvature meas-
ured in inert-gas-purged but nonetheless oxygen-containing atmospheres. Cabral et al. 
  52[17] determined that atmospheric oxygen diffused into the bulk of the films at elevated 
temperatures, causing an expansion of the equilibrium in-plane dimension of the films. 
As each film was constrained by its substrate and not permitted to expand, compres-
sive stresses developed. With repeated thermal cycling, these stresses reached magni-
tudes as high as ~ 6 GPa [17] (Figure 3.1a). While the crystal structure remained that 
of the β phase, Auger electron spectroscopy (AES) depth profiling indicated that more 
than 10 at.% of oxygen was incorporated into the film [17]. In a different study [20], 
similar films heated to 600°C in air oxidized completely to form Ta2O5, and compres-
sive stresses of up to -4 GPa were observed before the films started to blister in order 
to relieve stress.  
By heating samples to higher temperatures, Clevenger et al. [21] found a different 
behavior in substrate curvature experiments conducted in helium-purged atmospheres 
(Figure 3.1b). While their samples showed the same shift towards compression as 
those reported by Cabral et al. [17] at lower temperatures (indicating the presence of 
oxygen during thermal cycling), a large change in stress in the tensile direction was 
seen above 600ºC during the first heating half cycle. X-ray measurements showed that 
the films were β phase before and α phase after thermal cycling, and these authors at-
tributed the large tensile stress change to the phase transformation. 
While the previous studies of the thermomechanical behavior of thin Ta films [17-
21]
 have shown that large stress changes are possible, the range of likely stress evolu-
tion behaviors has not been elucidated. To do so requires progress in three areas: 
 •  The mechanism of the β−α phase transformation must be understood. It has 
been suggested [21] that it occurs by a shear distortion along the (001) planes of 
the tetragonal β phase. However, recent work suggests that β-Ta has a σ-type 
structure [8] and a simple shear mechanism is not sufficient to transform a σ-
type structure to bcc [22]. On the other hand, molecular dynamics studies by  
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Figure 3.1: (a) Thermomechanical behavior of a 180 nm Ta film cycled repeatedly to 
400°C in an atmosphere containing a small, but undetermined amount of oxygen, after 
Cabral et al. [17]. (b) Thermomechanical behavior of a 100 nm Ta film thermally cy-
cled to 850°C, after Clevenger et al. [21]. X-ray analysis showed the film to be β 
phase as-deposited and α phase after cycling. 
  54   Jiang, Tyson, and Axe [23] were unable to show this to be a nucleation and 
growth process since no α phase formed during their simulations of the anneal-
ing of single crystals of the β phase up to the melting temperature. 
•  The pathways by which oxygen can be incorporated into films must be ex-
plored. Existing studies have looked only at the effects of oxygen incorporated 
during thermal cycling. However, oxygen may be incorporated into a film dur-
ing deposition, or an oxide layer may be grown on the film surface by exposure 
to atmosphere following deposition. The latter case is particularly interesting 
since it is known that the thin (~ 2 nm), stable, passivating oxide that forms on 
the surface at low temperatures [24, 25] can dissolve into the bulk of the film 
when heated above 375˚C in a high vacuum environment [26]. 
•   The effect of oxygen content on the phase transformation must be understood. It 
has been qualitatively observed that the β−α phase transformation is inhibited 
by increasing oxygen content in the film [27], but neither a quantitative analysis 
nor a mechanism has been proposed. Since the prior data are from oxygen-
containing films, the behavior of oxygen-free tantalum films has not been pre-
viously reported.  
Understanding these phenomena is not only of fundamental interest, but may also 
be technologically important. Understanding the effects of oxygen and the phase trans-
formation on the evolution of stress in these films necessary in order to avoid me-
chanical failure of devices. Furthermore, the ability to control the phase trans-
formation leads to new possibilities in devices and fabrication. For example, one may 
wish to ensure that a β phase component in a device remains in the β phase under op-
erating conditions. On the other hand, one may wish to take advantage of the fact that 
the β phase can easily be patterned using standard microfabrication methods [12] and 
then transform the patterned film to the α phase for use in a device.  
  55In the present work, we address all three of the bulleted points above. We prepared 
Ta films in the β phase using a special vacuum system in which both film deposition 
and stress measurements can be performed in the same ultra-high vacuum (UHV) en-
vironment [28]. We incorporated controlled levels of oxygen into the films either dur-
ing deposition, by surface oxidation after deposition, or during thermomechanical test-
ing. We obtained stress-temperature (σ−T) data for all films, without adding additional 
oxygen in the former two cases. The microstructure of these films was examined ex 
situ using x-ray diffraction. From these data, the relationships among thermomechani-
cal behavior, microstructure evolution, and oxygen content were determined. The 
mechanisms of the phase transformation and oxygen incorporation are described, 
along with their effects on stress evolution. Furthermore, the effect of oxygen content 
on the phase transformation is quantified and interpreted in terms of a solute drag 
model. 
 
3.3  Experiment 
3.3.1 Sample  preparation 
Samples were prepared by magnetron sputter deposition in a UHV chamber evacuated 
to less than 2 × 10
-9 Torr. This UHV deposition system uses a confocal arrangement in 
which the substrate is mounted on a rotating stage over several 76 mm diameter mag-
netron sputter guns oriented 23° from the substrate normal and with a mean target-to-
substrate distance of 12.5 cm. 100 mm diameter oxidized Si (100) substrates were 
used. Before deposition, each substrate was cleaned using a 25 W radio-frequency bias 
in 8 mTorr of argon (99.9997% pure) for 1 minute to remove adsorbed gas molecules 
from the substrate surface. Tantalum films were then sputtered to a thickness of 300–
400 nm using a DC magnetron source and a 99.95% pure Ta target containing ~ 15 
ppm oxygen. A sputtering pressure of 8 mTorr of argon and a sputtering power of ~ 
  56400 W were used. The Ta deposition rate was approximately 15 nm/min. All films 
were deposited with the substrate grounded. Substrates were rotated at 5 rpm and were 
unheated during deposition. The maximum temperature reached during deposition was 
approximately 100°C, as measured by a thermocouple located behind the substrate. 
Four sets of films were prepared. The first was not exposed to oxygen beyond that 
in the base pressure. For the second, a fixed oxygen partial pressure in the range of 1.7 
× 10
-6 to 1.5 × 10
-5 Torr was added to the sputtering gas during deposition by use of a 
leak valve, with the partial pressure measured both before and after deposition. The 
third set of films were deposited without oxygen but were exposed to different, higher 
concentrations of oxygen (0.1–31 mTorr) immediately following deposition by open-
ing a leak valve until the pressure in the chamber reached a predetermined value, hold-
ing for a few seconds, then quickly closing the valve. Films in the fourth set were ex-
posed to oxygen-containing atmospheres only during thermal cycling as described be-
low.  
 
3.3.2  Thermal cycling and stress measurements 
After deposition, samples were transferred to a vacuum furnace within the same UHV 
system. Films were thermally cycled in UHV, except for the fourth set, which were 
cycled in atmospheres containing a small amount of oxygen (~ 10
-5 Torr). Thermal 
cycles were between room temperature and 700ºC at 5ºC/min. The well-known sub-
strate curvature method [29, 30] was used to determine the stresses in the film in situ 
during thermal cycling. Changes in the curvature of the film/substrate package due to 
changes in the equilibrium in-plane dimensions of the film relative to the substrate 
were measured using a custom-designed system [28] that employs an optical deflec-
tion curvature measurement technique. Film stresses were calculated from these meas-
  57urements using the Stoney equation [31]. For the experiments reported here, this sys-
tem has a stress accuracy of about 40 MPa, and a precision of about 10 MPa. 
 
3.3.3 Microstructural  characterization 
All films were characterized ex situ at room temperature. Two types of x-ray scans 
were used to determine the crystal phases and orientations present in the films. These 
scans were completed using a θ-θ x-ray diffractometer (Scintag, Inc.). The diffracto-
meter used a copper x-ray source operated at 45 kV and 40 mA with a wavelength of 
1.5405 Å (k-α). All samples were large enough that the entire beam illuminated the 
sample, ensuring a uniform beam footprint. Symmetric θ-2θ scans were used for phase 
identification and for determining grain size in the as-deposited film using Scherrer 
analysis [32]. For these scans, the scattering vector was held parallel to the film nor-
mal, while the angle, θ, between the incident beam and the film plane was varied. 
Scans over the range 10° ≤ 2θ ≤ 100° were used to identify the lattice planes oriented 
parallel to the film plane. Rocking scans were conducted by holding 2θ constant while 
varying the angle, ψ, between the scattering vector and the film plane normal. Scans 
were taken at a series of 2θ values in increments of 0.1° around the (002) peak from 
each film, centered at the peak maximum of the θ-2θ scan (33.4° ≤ 2θ ≤ 34.4°, -15° ≤ 
ψ ≤ 15°, resolution = 0.02°), in order to determine the peak volume (peak intensity 
integrated over 2θ and ψ). This volume was used to obtain a quantitative estimate of 
the amount of β phase remaining after thermal cycling by comparing the peak volume 
after cycling with that of an as-deposited film. Grain sizes in the films after thermal 
cycling were analyzed using electron backscatter diffraction (EBSD), as described by 
Knepper et al. [33]. Film thickness measurements were performed using Rutherford 
  58backscattering spectrometry (RBS). All films were found to be within 350 ± 40 nm 
thick. 
 
3.4  Films without added oxygen 
3.4.1 Results 
Stress-temperature data for Ta films with no added oxygen cycled between room tem-
perature and 335°, 355°, 450°, and 600°C are shown in Figure 3.2. To ensure minimal 
oxygen exposure over the entire experiment, the base pressure in the system was 
maintained at less than 2 × 10
-9 Torr throughout deposition and testing. The stress in 
the as-deposited films at room temperature is about 900 MPa in compression. As each 
film is heated, the stresses gradually become more compressive due to thermal mis-
match between the film and substrate. Up to about 275°C, the stress-temperature data 
from all films follow a thermoelastic line. Between 300° and 375°C, there is a drastic 
change in stress in the tensile direction for all films, with the magnitude of the stress 
jump reaching approximately 1.2 GPa for films cycled to maximum temperatures 
(Tmax) greater than 375°C. At temperatures greater than 375°C, thermoelastic behavior 
is seen on both heating and cooling. For films cycled to lower temperatures, thermo-
elastic behavior is again observed on cooling below ~ 250°C. An overall stress change 
of approximately 1.6 GPa is seen over the first thermal cycle for films cycled to Tmax > 
375°C. For these films, subsequent thermal cycles to temperatures up to 600°C ap-
proximately retrace the first cycle cooling data on both heating and cooling. In con-
trast with previously reported films that were presumably cycled in oxygen-containing 
atmospheres (Figure 3.1b) [21], the large tensile stress jump occurs at a much lower 
temperature and over a much narrower temperature range (i.e. much more quickly), 
and the behavior prior to this stress jump is fully reversible (thermoelastic). 
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Figure 3.2: Thermomechanical behavior of 350 nm Ta films cycled to 335°, 355°, 
450°, and 600°C deposited and cycled in a deposition system with < 2 × 10
-9 Torr base 
pressure. The stress jump is associated with the β−α phase transformation and occurs 
at much lower temperatures than in previous reports based on oxygen-containing films 
(e.g. Fig. 3.1b). 
  60Symmetric θ-2θ x-ray scans of an as-deposited film and each of the films shown in 
Figure 3.2 are shown in Figure 3.3 (limited to 30° ≤ 2θ ≤ 80°, as all observed peaks 
were within this range). The as-deposited film was found to be strongly textured β 
phase with reflections detected only from grains having (001) planes parallel to the 
plane of the film. After annealing to different temperatures, the x-ray data illustrate 
that the strongly oriented (002) β phase is gradually replaced by a less well-oriented α 
phase between 300 and 375°C.   
Since the β phase is so well oriented and only the (002) peak is evident, analysis of 
this peak was performed to determine the fraction of the film that had phase-
transformed after cycling to different temperatures. The volume under the (002) β 
peak, obtained as described in Section 3.3.3, for films that had been thermally cycled, 
Vcycled, was compared to the peak volume of the as-deposited film, Vas-dep. The ratio 
Vcycled/Vas-dep gives a quantitative estimate of the amount of material that has phase-
transformed that is insensitive to small variations in the sharpness of the texture from 
sample to sample (full widths at half maximum for rocking curves of the (002) peaks 
ranged from about 5°−8°). These data are shown in Figure 3.4 as a function of maxi-
mum cycling temperature, and confirm that the change in stress shown in Figure 3.2 is 
directly related to the phase transformation from β to α. 
A significant amount of grain growth occurs during thermal cycling as well. The 
as-deposited film has a grain size of ~ 50 nm, as determined by Scherrer analysis of 
the (002) β x-ray peak width. After thermal cycling, the microstructure of the phase-
transformed films is very unusual, exhibiting gradual changes in crystal orientation 
and few well-defined grains. Details of this structure can be found elsewhere [33]. In 
the phase-transformed films, an average spacing between high-angle grain boundaries 
of ~ 1.8 μm has been determined from EBSD line scans [33]. 
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Figure 3.3: Theta-theta x-ray scans of 350 nm Ta films (a) as-deposited, and after 
thermal cycling to (b) 335°C, (c) 355°C, (d) 450°C, and (e) 600°C in ultra high vac-
uum. The as-deposited film shows a strong (002) β phase texture. The films show a 
gradual transformation from β to α with increasing cycling temperature. The film cy-
cled to 600°C has completely phase transformed. 
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Figure 3.4: Plot of the x-ray peak volume ratio, Vcycled/Vas-dep, of the (002) β peak after 
thermally cycling to various temperatures. This ratio gives a quantitative estimate of 
the volume fraction of β phase remaining. The temperature range over which the vol-
ume fraction of β decreases coincides with the large increase in stress shown in Figure 
3.2. 
 
  633.4.2 Discussion 
The stress-temperature behavior shown in Figure 3.2 is very different from previously 
published results from Ta thin films (e.g. Figure 3.1). Not only are the increases in 
compressive stress associated with the incorporation of oxygen not seen, but the phase 
transformation occurs at much lower temperatures, supporting the idea that oxygen 
inhibits the phase transformation. As these results are free from the influence of oxy-
gen, several conclusions can be drawn about both the origins of the stress change and 
the mechanism of the β−α phase transformation. 
The large changes in stress that accompany the phase transformation in Figure 3.2 
can be explained on the basis of densification and possibly changes in the elastic con-
stants that accompany the phase transformation. Changes in film density may arise 
both from the difference in densities of the β and α phases and from grain growth. A 
theoretical density of ρβ = 16.33 g/cm
3 has been reported for the β phase [7, 34], while 
a density of ρα = 16.65 g/cm
3 has been reported for the α phase [35]. To calculate 
stress changes, the elastic constants must be known. Unfortunately, elastic constants of 
β-Ta have apparently not been reported. Thus, as a first approximation, we assume 
that the elastic constants of the α and β phases are identical and use the simple iso-
tropic polycrystalline average elastic constants of the α phase (E = 185 GPa, ν = 0.28). 
Assuming a uniform dilatation,  
α
β α
ρ
ρ ρ −
= T e ,       (3.1) 
the increase in density due to the β–α phase transformation leads to a change in stress, 
Δσ, that can then be written as: 
⎟
⎠
⎞
⎜
⎝
⎛
−
− = Δ
3 1
T e E
ν
σ .     (3.2) 
  64Using the values of E, ν, and eT described above, a change in stress of about 1.8 GPa 
in the tensile direction is calculated to occur in transforming a film completely from β 
to α.  
Further increases in density arise from the removal of excess volume associated 
with grain boundaries during grain growth. Again assuming the elastic constants of the 
α and β phases to be the same, this relationship can be written as: 
⎟ ⎟
⎠
⎞
⎜ ⎜
⎝
⎛
−
−
− = Δ
o d d
E 1 1
1 1
δ
ν
σ ,    (3.3)   
where δ is the average excess volume per unit area of the grain boundary, and d0 and 
d1 the initial and final grain sizes, respectively (for a similar development, see Thomp-
son and Carel [36]). Using δ = 1 Å and the experimentally obtained values d0 = 50 nm 
and d1 = 1.8 μm, an additional change in stress of ~ 500 MPa in the tensile direction is 
obtained.  
Counting only the change in crystal structure and grain growth, the maximum total 
change in stress during the thermal cycle is predicted to be about 2.3 GPa in the tensile 
direction, which, given the coarseness of these estimations, is in reasonable agreement 
with the experimentally observed value of 1.6 GPa. Of course, the room temperature 
stress in the film would also be affected by changes in the elastic constants between 
the β and α phases, which we have neglected. We note that the thermoelastic slope 
during heating when the film is in the β phase is about half that during cooling when 
the film is in the α phase. This difference could, in principle, arise if the thermal ex-
pansion coefficient of α were twice that of β while the elastic constants were the same, 
or if α were twice as stiff as β while the expansion coefficients were the same. In real-
ity, it is likely that both the expansion coefficients and the elastic constants of α and β 
are different.  
  65As described in the Introduction, there has been much confusion regarding the 
mechanism of the β−α phase transformation. Our results show that the phase trans-
formation occurs by a nucleation and growth process. While it has been speculated 
that the transformation could be martensitic [21], a shear transformation cannot ac-
count for the large changes in grain size (from ~ 50 nm to ~ 1.8 μm) that we observe. 
Furthermore, the rate of the phase transformation is strongly temperature dependent 
and shows no discernable dependence on the applied stress.  
Both nucleation and growth are thermally activated. Since no composition change 
is associated with the simple polymorphic phase transformation in pure Ta, no long-
range diffusion is required. If nuclei are present, then growth occurs by the motion of 
atoms hopping across the β/α interface. That is, growth is interface controlled. In Fig-
ure 3.2, the stress change—which is correlated with the phase transformation on the 
basis of Figure 3.4 and the arguments above—begins in earnest at about 300˚C on 
heating. It is not possible to tell from the heating curve whether the phase transforma-
tion begins at this temperature due to the onset of nucleation or of growth. However, it 
is evident from the films cycled to 335 and 355˚C that the phase transformation stops 
when the temperature drops below 300˚C, although there is clearly α phase present. 
Thus, it is apparent that kinetic limits on boundary motion prohibit the phase trans-
formation at temperatures below 300˚C, and that nucleation is not limiting for the pure 
Ta films. 
The fact that the transformation is kinetically limited is further evidenced by the 
time it takes to complete the transformation (~ 10 minutes at 2 minutes per data point 
in Figure 3.2). A simple analysis shows that interface-controlled boundary migration is 
reasonable at these temperatures. Using a model similar to that described by Porter 
and Easterling [37] for thermally activated migration of grain boundaries, the net flux 
of atoms from a β phase grain to a neighboring α phase grain, Jnet, can be given by: 
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where n is the number of atoms per unit area (which can be estimated from the atomic 
density), ω the vibrational frequency of the atoms (≈ the Debye frequency), ΔGa the 
activation energy for an atom jumping across the boundary, ΔG the driving force for 
the transformation, R the gas constant, and T the absolute temperature. While the driv-
ing force for the phase transformation is unknown, we can obtain a lower bound by 
observing that, while the strain energy density in the film is quite large (~ 2.5 × 10
6 
J/m
3 or ~ 28 J/mol, as determined from isotropic polycrystalline elastic constants and 
the measured stress) before the transformation begins, the transformation does not 
slow down as this driving force is reduced to zero. This suggests that the change in 
energy density associated with the phase transformation is at least of a similar magni-
tude. As this quantity is much smaller than RT, Equation 3.4 can be approximated by: 
Jnet = nω
ΔG
RT
exp −
ΔGa
RT
⎛ 
⎝ 
⎜ 
⎞ 
⎠ 
⎟ .     (3.5) 
If the boundary is moving at a speed v (estimated at ~ 1 nm/sec at 350°C from the 
transformation time and final grain size), the net flux must also be equal to v/Va, where 
Va is the atomic volume. Thus, the boundary speed can be written as a function of 
temperature, giving: 
v =Vanω
ΔG
RT
exp −
ΔGa
RT
⎛ 
⎝ 
⎜ 
⎞ 
⎠ 
⎟  .     (3.6) 
Using our estimates for the boundary speed and the lower bound of the driving energy 
of the phase transformation, along with the experimentally observed transformation 
temperature, we determine a lower bound on the activation energy of ~ 100 kJ/mol. 
While this simple model neglects many other factors that can influence boundary mo-
bility, such as crystal orientation or boundary angle (for a review, see Gottstein et al. 
[38]), the activation energy we calculate is reasonable. 100 kJ/mol is roughly 25% the 
  67reported activation energy for lattice diffusion and half that of typical estimates for 
grain boundary diffusion. These values correspond well with the trends found in mo-
lecular dynamics simulations of Schonfelder et al. [39, 40]. Note that Equation 3.6 
predicts that boundary velocity will increase rapidly with temperature, rising by an 
order of magnitude for an increase in temperature from 300 to 400°C. 
 
3.5  Films exposed to oxygen 
Films exposed to oxygen have very different behaviors compared to those deposited 
and tested in UHV. In fact, the thermomechanical behavior differs significantly de-
pending on whether oxygen was added during deposition, during thermal cycling, or 
between deposition and cycling. 
 
3.5.1  Oxygen incorporated during deposition 
3.5.1.1 Oxygen content 
The oxygen content in a film is often seen to vary monotonically with oxygen partial 
pressure during deposition. For tantalum films in particular, several studies have 
shown oxygen content to vary in a roughly linear fashion with partial pressure over a 
wide range of deposition conditions and oxygen partial pressures [11, 41, 42]. A sim-
ple calculation gives the number of oxygen atoms incorporated into the film, N, as:  
     N = 2JoxSt,      (3.7) 
where Jox is the impingement rate of oxygen, S the sticking coefficient, and t the depo-
sition time (the factor of 2 is due to the number of oxygen atoms in a molecule of oxy-
gen gas). The impingement rate of oxygen can be calculated from the well-known 
Knudsen equation: 
     
MRT
P N
J
ox A
ox
π 2
= ,     (3.8) 
  68where NA is Avagadro’s number, Pox the partial pressure of oxygen, and M the mo-
lecular weight. Data from Gerstenberg and Calbick [41] for deposition in similar par-
tial pressures of oxygen to those used in this work indicate that the sticking coefficient 
is approximately 0.01. The concentration of oxygen, Cox, in the film can then be calcu-
lated from: 
    
S J J
S J
C
ox Ta
ox
ox 2
2
+
= ,     (3.9) 
where JTa is the flux of depositing tantalum atoms (determined from the deposition 
rate). Using this approach, we estimate the concentration of oxygen in our films as 
shown in Table 3.1, with values ranging from 0.6–5.2 at.%. For these samples, oxygen 
was expected to be distributed uniformly through the film thickness prior to thermal 
cycling in UHV. 
 
3.5.1.2 Thermomechanical results 
The σ–T behaviors of films into which oxygen was incorporated during deposition is 
shown in Figure 3.5. Films with small amounts of added oxygen (partial pressures 
during deposition less than 1.7 × 10
-6 Torr) show the same behavior as films deposited 
without added oxygen. However, this behavior begins to change as oxygen content 
increases, with higher concentrations leading to higher transformation temperatures. In 
the film deposited with 4.6 × 10
-6 Torr of oxygen, the phase transformation appears to 
take place in two distinct jumps, one between about 350 and 400°C and another at 
about 525 to 550°C. The jump in stress occurs entirely at ~ 600°C in the film depos-
ited with 8.1 × 10
-6 Torr of oxygen. When the partial pressure of oxygen is increased 
beyond this to 1.5 × 10
-5 Torr, no jump in stress is observed at all in thermal cycling to 
700°C, indicating that this film did not undergo phase transformation (confirmed by x-
ray diffraction). 
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Table 3.1: Summary of data for films with oxygen incorporated during deposition: 
oxygen partial pressure during deposition, estimated oxygen concentration in the film, 
Cox, estimated lower bound of activation energy for phase boundary motion, ΔGa, and 
additional tensile stress due to oxygen leaving the film during the phase transforma-
tion. 
 
PO2  
 
(10
-6 Torr) 
Estimated 
Cox  
(at. %) 
Estimated 
ΔGa
(kJ/mol) 
Additional 
Tensile Stress 
(MPa) 
Oxygen 
Leaving Film 
 (at.%) 
Remaining 
Oxygen 
 (at.%) 
1.7   0.6  96  ···  ···  0.6 
2.5   0.9  96  ···  ···  0.9 
4.6   1.7  121  300   0.6  1.1 
8.1   2.9  136  500   1.1  1.8 
15   5.2  146  ···  ···  5.2 
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Figure 3.5: Stress-temperature behavior of Ta films deposited in partial pressures of 
oxygen ranging from 1.7 × 10
-6 Torr to 1.5 × 10
-5 Torr. The shift in the stress jump to 
higher temperatures with increasing oxygen pressure arises from solute drag on α/β 
phase boundaries. At the highest oxygen content, no jump occurs when cycling the 
film between room temperature and 700°C. 
 
  71Phase-transformed films with oxygen added during deposition exhibited poor ad-
hesion compared to oxygen-free films. Adhesion in these films worsened with increas-
ing oxygen content, and films deposited with higher oxygen partial pressures would 
often delaminate from their substrates when samples were cleaved in preparation for 
microstructure analysis or when left exposed to atmosphere for several hours. In addi-
tion, the magnitude of the jump in stress is significantly greater in films deposited with 
high oxygen concentrations when compared to other phase-transformed films. 
 
3.5.1.3 Discussion 
The data in Figure 3.5 clearly show that the degree of inhibition of the phase trans-
formation is systematically related to oxygen content. It is not immediately clear from 
these data, however, whether this is due to oxygen inhibiting the nucleation of the α 
phase, the growth process, or both. The key to our interpretation of these data lies in 
the oxygen concentration and mobility. The solubility of oxygen in the bulk α phase is 
1.4% at 600°C [43]. The solubility of oxygen in the β phase is unknown, but is pre-
sumably similarly low at these low homologous temperatures. Yet Steidel and Ger-
stenberg [44] found that as-deposited tantalum films in either phase would retain their 
crystal structure while absorbing up to 12 at.% of oxygen during annealing, and Cabral 
et al. [17] measured an oxygen content higher than 10 at.% in β phase films after re-
peated thermal cycling to 400°C. At equilibrium, such high concentrations are only 
possible if the oxygen is contained in the grain boundaries. For comparison, a rough 
calculation assuming that one monolayer of oxygen fills all grain boundaries in a ma-
terial with 50 nm grains leads to ~ 10 at.% oxygen, indicating that the grain boundary 
capacity in the as-deposited films is more than sufficient to contain the oxygen incor-
porated into our films (Table 3.1). 
  72While the small grain size of the as-deposited films in the present study allows 
much more oxygen to be incorporated than would be thermodynamically favorable in 
the bcc lattice, the phase-transformed film has a much larger grain size (~ 1.8 μm [33]) 
and many fewer grain boundaries, so it cannot support such high oxygen concentra-
tions. Thus, for the transformation to proceed by phase boundary motion, excess oxy-
gen at the boundaries must be swept along with the transformation front, removed to 
the top or bottom interfaces, or left behind in the transformed film. 
It is well known that the motion of a grain or phase boundary can be impeded by 
impurities through solute drag. This process is described in detail elsewhere [45-50] 
but can be summarized as follows. Impurities that segregate to low energy locations in 
boundaries will be left behind if the boundary starts to move without them. The 
boundary then exerts an attractive force on the impurity atoms that induces them to 
diffuse in the direction the boundary is moving. The impurities, in turn, exert a force 
on the boundary, slowing its movement to an extent dependent on the impurity con-
centration. Thus, a higher temperature is needed to obtain the same boundary velocity 
seen in impurity-free specimens, which is manifested as an increase in the activation 
energy for boundary motion [46, 50]. In addition, the presence of small amounts of 
impurities has also been observed to significantly reduce the nucleation rate in recrys-
talization experiments [45] and may do so in phase transformations as well.  
Two features suggest that solute drag can account for the effect of oxygen on the 
β−α phase transformation. First, Cahn [46] and Lucke and Stuwe [47] predicted that 
solute drag would not inhibit boundary motion until a critical concentration of impuri-
ties is reached. This behavior is evident in Figure 3.5 where films with small amounts 
of oxygen behave nearly identically to films with no oxygen. Second, beyond the criti-
cal concentration, solute drag scales with impurity content and can slow boundary 
speed by many orders of magnitude [45-47], which may cause it to appear arrested. 
  73This is consistent with the shift of the entire transformation to higher temperatures 
with increasing oxygen pressure during deposition seen in Figure 3.5. Using Equation 
3.6, an estimate for the lower bound of the activation energy for each sample was de-
termined as described in Section 3.4.2. An increase in ΔGa is seen from ~ 100 kJ/mol 
in the film deposited with 1.7 × 10
-6 Torr of oxygen to ~ 140 kJ/mol in the film with 
8.1 × 10
-6 Torr. These data, normalized by the activation energy determined for the 
oxygen-free films, are plotted in Figure 3.6. Temperatures used for this calculation 
were taken from the middle of the stress jump. For the film deposited with 4.6 × 10
-6 
Torr of oxygen, a temperature of 525°C was used, corresponding to the beginning of 
the higher temperature jump in stress. The increase in temperature necessary for the 
phase transformation to progress implies an increase in activation energy due to solute 
drag of more than 40%. 
With knowledge of the concentration (Table 3.1) and mobility of oxygen in these 
films, all of the data shown in Figure 3.5 can be interpreted. The film deposited in 1.7 
× 10
-6 Torr of oxygen shows no effect, indicating that the concentration of oxygen is 
too low to cause substantial drag on the boundaries. The transformation in the film de-
posited in Pox = 2.5 × 10
-6 Torr starts at the same temperature but slows down near the 
end, presumably because oxygen builds up in the phase boundaries as they sweep 
through the film. Note that the oxygen concentration in both of these films is less than 
the equilibrium concentration in the α phase, so there is no requirement that oxygen be 
removed from the film.  
For the film deposited in 4.6 × 10
-6 Torr of oxygen, the start of the transformation 
is delayed, indicating that the oxygen concentration in the boundaries is now high 
enough to effect a small increase in activation energy. The fact that the transformation 
slows and then accelerates again may be due to the fact that oxygen accumulates in the 
boundaries as the boundaries sweep through the film. At first this slows the trans- 
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Figure 3.6: Change in activation energy for phase boundary motion normalized to that 
of an oxygen-free film as a function of calculated as-deposited oxygen content. The 
curve is a line to guide the eye and should not be interpreted as a functional form. 
 
  75formation, but as the temperature increases, the transformation accelerates again. This 
slowing of the transformation also provides evidence that, even with the addition of 
oxygen to the film, the transformation is not limited by nucleation but by growth. This 
is further evidenced in the thermomechanical behavior of films exposed to oxygen be-
tween deposition and cycling, which will be discussed in Section 3.5.2.3. 
Note that for the films with Pox = 4.6 and 8.1 × 10
-6 Torr, the initial oxygen con-
centration is greater than the equilibrium concentration in the α phase, suggesting that 
there is a driving force for oxygen to leave the film during the phase transformation. 
Indeed, the increased size of the stress jump during the phase transformation suggests 
that this happens. We estimated the amount of oxygen that would have to leave the 
film to produce the additional stress increment. To do so we assumed that dilatation 
scales linearly with oxygen content and used Cabral’s result that the addition of 9 at.% 
oxygen leads to a 4.2% compressive dilatation [17]. From Equation 3.2, we estimate 
that approximately 0.6 and 1.1 at.% oxygen must leave the film during the phase trans-
formation in the films with Pox = 4.6 and 8.1 × 10
-6 Torr, leaving 1.1 and 1.8 at.% 
oxygen in the transformed films, respectively. These values are summarized in Table 
3.1. The calculated concentrations of oxygen remaining in these films are within 30% 
of the solubility limit (1.4 at.% at 600˚C), remarkable agreement considering that no 
adjustable parameters were used in these calculations. This provides strong evidence 
that the increases in tensile stress in the films deposited with Pox = 4.6 and 8.1 × 10
-6 
Torr arise from oxygen leaving the film during the transformation. One possible path 
for oxygen to leave the film is through the grain boundaries. While grain boundary 
diffusivity data for oxygen in tantalum have not been reported, it can be estimated 
from lattice diffusion data [51] by assuming that the activation energy for boundary 
diffusion is roughly half that of lattice diffusion [52]. Since the distances to the surface 
and film/substrate interface are short (100’s of nm maximum) in these films and grain 
  76boundary diffusion is fast (estimated diffusion distance over one second at 325°C is ~ 
1 μm), grain boundary diffusion of oxygen is expected to play a significant role in this 
process. Oxygen expelled from the grain boundaries into to the film/substrate interface 
may account for the observed reduction of film adhesion with increased oxygen con-
tent as well. 
For the film deposited in 1.5 × 10
-5 Torr of oxygen, the oxygen concentration is 
such that the activation energy has increased to the point where the film does not 
transform at all during heating to 700°C. X-ray data confirm that only the β phase is 
present after thermal cycling indicating that the film’s structure is stable up to these 
temperatures. It is interesting to note that, with an estimated Cox of 5.2 at.% the grain 
boundaries in this film are still not near to being saturated with oxygen atoms (which 
would require an estimated Cox > 10 at.%). 
 
3.5.2   Oxygen exposure between deposition and testing 
3.5.2.1 Oxygen content 
Films exposed to oxygen immediately after deposition develop a thin passivating sur-
face oxide layer, the thickness and composition of which may vary with the amount of 
oxygen to which the film is exposed. Unfortunately, a simple estimate based on im-
pingement rate, Jox, and sticking coefficient, S, as in Section 3.5.1.1 cannot be used to 
determine oxide thickness because S is expected to decrease rapidly with increasing 
oxygen surface coverage (in a manner similar to that observed for tantalum films ex-
posed to nitrogen [11]). Nevertheless, the thickness of the oxide layer should scale 
(likely in a non-linear fashion) with the partial pressure of oxygen to which the film is 
exposed. As an upper bound, the native oxide thickness of tantalum films exposed to 
atmosphere has been reported as ~ 2 nm [24, 25]. Averaged over a 350 nm thick film, 
  77this corresponds to an oxygen concentration of ~ 0.6 at.%, well below the solubility 
limit in bcc tantalum. 
 
3.5.2.2 Thermomechanical results 
In comparison to films in which oxygen was incorporated during deposition (Figure 
3.5), films exposed to oxygen between deposition and thermal cycling show different 
thermomechanical behavior, as seen in Figure 3.7. Up to about 350˚C, these films be-
have as the oxygen-free films (Figure 3.2). However, from ~ 350°C to the end of heat-
ing, the σ−T behavior depends on the amount of oxygen to which the film has been 
exposed. When exposed to very small amounts (0.15 mTorr), the film behaves identi-
cally to the films without oxygen. When exposed to greater amounts, the phase trans-
formation is arrested at about 350˚C and is completed at a higher temperature as indi-
cated by a second jump in stress. With increasing oxygen exposure, the magnitude of 
the stress jump from 300−350°C is lessened slightly, and the secondary jumps in stress 
occur at higher temperatures. X-ray analysis indicated that all of these films had com-
pleted the phase transformation after cycling (Vcycled/Vas-dep ≈ 0.005 in all films). 
 
3.5.2.3 Discussion 
As in Section 3.5.1.3, these results can be understood on the basis of the oxygen con-
tent and mobility in the film. It has been observed that a thin layer of tantalum oxide 
will dissociate and be dissolved into a sufficiently thick tantalum substrate when an-
nealed under high vacuum conditions at temperatures above ~ 375°C [26], and we at 
tribute the thermomechanical behavior shown in Figure 3.7 to this phenomenon. Up to 
~ 350˚C, these films behave like the films shown in Figure 3.2, as the tantalum layers 
themselves are initially oxygen-free. However, oxygen from the oxide layer diffuses 
into the tantalum film, and the phase transformation is arrested when the grain  
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Figure 3.7: Stress-temperature behavior of Ta films exposed to various amounts of 
oxygen between deposition and thermal cycling to form an oxide layer. The phase 
transformation is arrested when the oxygen from the oxide layer diffuses into the film. 
While the total stress change remains essentially constant, higher temperatures are 
needed to complete the transformation as the film is exposed to greater amounts of 
oxygen. 
 
  79boundary oxygen content becomes high enough for solute drag to be effective. At 
higher temperatures, the films in Figure 3.7 behave more like those in Figure 3.5, with 
the phase transformation shifted to higher temperatures due to the increasing activa-
tion energy for boundary motion. It is interesting to note that, in the film exposed to 
atmosphere, the stress changes in the compressive direction immediately following the 
first tensile stress jump. This suggests that, in this film, there is sufficient oxygen dif-
fusing from the surface into the film to expand the equilibrium in-plane lattice parame-
ter as described by Cabral et al. [17] (Figure 3.1a). Interestingly, the total change in 
stress over the first thermal cycle is independent of the oxygen exposure, confirming 
that the total oxygen content in all of these films is less than the solubility limit in the 
transformed films and no oxygen had to be removed from the film to accomplish the 
phase transformation. 
An important result of this set of experiments is that the data in Figure 3.7 provide 
clear evidence that solute drag alone can stop the phase transformation. Since a sub-
stantial fraction of the film has already transformed to the α phase after the initial 
jump in stress, it is again evident that nucleation is not the limiting factor.  
 
3.5.3   Oxygen incorporated during thermal cycling 
3.5.3.1 Oxygen content 
Tantalum films exposed to oxygen during thermal cycling will absorb oxygen from 
the atmosphere at elevated temperatures in a manner similar to that described by 
Cabral et al. [17]. In addition, the solubility, diffusivity, and absorption rate of oxygen 
in Ta all increase dramatically as the temperature increases (the latter because the 
oxygen pressure, and thus the impingement rate, increases with temperature.) This 
case is unlike the previous two in that the supply of oxygen is not limited to that de-
posited in the film or contained in the surface oxide. The amount of oxygen absorbed 
  80during thermal cycling will depend greatly on the oxygen partial pressure in the at-
mosphere and the temperature history experienced during thermal cycling. With high 
enough oxygen pressures, temperatures, and times, the film will completely oxidize 
and form Ta2O5 [20]. While we did not attempt to calculate the oxygen content of 
films cycled in an oxygen-containing atmosphere, the dynamics of oxygen incorpora-
tion can be used to understand the behavior of these films. 
 
3.5.3.2 Thermomechanical results 
Representative results for a film into which oxygen was incorporated during thermal 
cycling are shown in Figure 3.8. The film starts off at about 700 MPa in compression 
and follows a thermoelastic slope until about 250°C. From ~ 250 to ~300°C, the slope 
of the curve deviates from the thermoelastic line, leading to even greater compressive 
stresses. From about 300−350°C, there is a rapid change in stress in the tensile direc-
tion of several hundred MPa, but this jump stops, and from 350−500°C, the stress 
changes in the compressive direction with a steeper slope than before. Above 500°C, 
the slope gradually becomes more positive until we see large changes in stress above 
600°C, with an overall change of ~ 2 GPa in the tensile direction. Note that the maxi-
mum slope here, about 13 MPa/˚C, is much lower than the maximum slopes, about 20 
MPa/˚C, seen in Figs. 3.2, 3.5, and 3.7. Upon cooling, the rate of increase in tensile 
stress is greater than the thermoelastic slope down to about 600˚C, after which the 
thermoelastic slope is followed. This curve exhibits features similar to those reported 
by Clevenger et al. [21]. 
 
3.5.3.3 Discussion 
When a film is exposed to oxygen in this manner, an increase in temperature generates 
a competition between the incorporation of oxygen, which increases the activation  
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Figure 3.8: Stress-temperature behavior of a ~ 350 nm Ta film thermally cycled in an 
atmosphere containing ~ 10
-5 Torr oxygen. As temperature increases, there is a com-
petition between oxygen incorporation (leads to higher activation energies for bound-
ary motion, inhibiting the phase transformation and causing increased compressive 
stresses) and the increase in thermal energy (allows the β–α phase transformation to 
progress, causing increased tensile stresses). Note the shape of the curve is similar to 
that reported by Clevenger et al. [21]
 (Fig. 3.1b). 
 
  82energy, ΔGa (Figure 3.6), and inhibits the phase transformation, and the increase in 
thermal energy, RT, available to facilitate phase boundary motion which accelerates 
the phase transformation (see Equation 3.6). Since the incorporation of oxygen leads 
directly to more compressive stresses and the phase transformation to more tensile 
stresses, the outcome can easily be seen in the thermomechanical behavior. The film is 
likely to develop a thin oxide layer on its surface as heating commences, due to the 
long period of exposure to the oxygen-containing atmosphere. The initial deviation 
from the thermoelastic line occurs in the temperature range reported for the onset of 
oxygen incorporation into Ta films [11, 44, 53-55], causing a change in stress as de-
scribed by Cabral et al. [17] (Figure 3.1a). The subsequent stress jump occurs at the 
same temperature as the β−α phase transformation takes place in the oxygen-free 
films (Figure 3.2), indicating that the transformation is briefly able to progress. But 
this stress jump is arrested after a few hundred MPa as oxygen dissolves into the film 
at an increased rate as the oxide layer starts to dissociate as described in Section 
3.5.2.3 and stops the phase transformation through solute drag, similar to the films 
shown in Figure 3.7. Above 350˚C, incorporation of oxygen gradually gives way to 
phase transformation and the slope of the stress-temperature data becomes more and 
more positive. The majority of the phase transformation takes place over 600°C, and 
the low transformation rate (compared with Figures 3.2, 3.5, and 3.7) can be attributed 
to the continuing uptake of oxygen.   
These data look very similar to those of Clevenger et al. [21] (Figure 3.1b), sug-
gesting that while the partial pressure of oxygen was not specified in those experi-
ments, the oxygen content in their test atmosphere was similar. In this light, we rein-
terpret several of Clevenger et al.’s conclusions. They attributed the initial deviations 
from thermoelastic behavior to changing elastic constants. We find no evidence for 
this and are able to explain the results quantitatively on the basis of oxygen incorpora-
  83tion. They attributed the change in the stress-temperature slope to more positive values 
above 600˚C (Figure 3.1b) to plasticity. We think this is the phase transformation 
starting to dominate. In addition, partial phase transformation events would account 
for the stress jumps at ~ 400°C that Clevenger et al. observed, but could not explain. 
Note that our interpretations can be applied only to films deposited under similar con-
ditions; Clevenger et al. deposited films using a variety of different conditions (ap-
plied substrate bias and sputtering pressures) and obtained a wide range of thermome-
chanical behaviors. We make no attempt to explain their data for films deposited using 
conditions other than ours, as such films are likely to have significant differences in 
orientation, phase formation, and porosity [3, 56] that are not accounted for in the cur-
rent analysis.   
 
3.6 Summary  and  Conclusions 
Tantalum films were deposited in the metastable β phase in an ultra-high vacuum 
(UHV) deposition system with control over the oxygen content in the film. Films were 
thermally cycled in situ and the effects of oxygen incorporation on the transformation 
to the stable α phase were investigated. Films deposited and tested without added 
oxygen reveal very different thermomechanical behavior from those published previ-
ously, suggesting that the films in prior studies were affected by oxygen contamina-
tion. In particular, in oxygen-free films the phase transformation occurs at a much 
lower temperature (300−400°C). Furthermore, the phase transformation is time- and 
not stress-dependent and is accompanied by significant grain growth. Thus, we con-
clude that the transformation takes place by a nucleation and growth process that is not 
limited by nucleation, but by growth. When films are exposed to oxygen, the phase 
transformation is shifted to higher temperatures in a way that is consistent with the 
inhibition of boundary motion due to solute drag: small amounts of oxygen have no 
  84discernable effect, but larger oxygen concentrations can significantly delay the trans-
formation. In addition, the thermomechanical behavior depends not only on the 
amount of oxygen to which the films are exposed, but also on how the exposure takes 
place. For films in which oxygen was incorporated during deposition, the transforma-
tion temperature is shifted to higher temperatures depending on oxygen content. For 
films with a surface oxide layer, the transformation starts at the same temperature as in 
oxygen-free films, but is arrested until higher temperatures when the oxide layer dis-
sociates and the oxygen diffuses into the grain boundaries. Films cycled in oxygen see 
the competing effects of oxygen incorporation, which inhibits the phase transforma-
tion by increasing the activation energy for boundary motion and leads to compressive 
stresses, and the increase in thermal energy, which allows the phase transformation to 
progress and leads to tensile stresses. The total measured change in stress accompany-
ing the phase transformation is in reasonable agreement with that predicted from 
changes in density due to the change in crystal structure, grain growth, and change in 
oxygen concentration. It is evident that through control of the oxygen content, the β−α 
phase transformation can be controlled, making it possible to more easily produce pat-
terned α phase structures as well as more stable β phase films. 
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Chapter 4 
 
 
Driving force and activation energy for the β−α 
phase transformation in tantalum thin films 
 
 
In the previous chapter, it was shown that the mechanism of the β−α phase transfor-
mation in tantalum thin films is a nucleation and growth process that is limited by 
growth, and an estimate of the activation energy as a function of oxygen content was 
presented based on a lower limit of the driving force that was determined from the 
change in strain energy during the phase transformation. It is expected that the driving 
force for the phase transformation is actually significantly larger than the strain en-
ergy, as the rate of the phase transformation appears to be unaffected by the stress in 
the film. Here, we directly measure the change in energy during the phase transforma-
tion using differential scanning calorimetry (DSC), giving us not only a much more 
accurate measure of the driving force of the transformation, but also allowing for a 
more accurate calculation of the activation energy necessary for the transformation to 
progress. 
A tantalum film was sputter deposited in the metastable β phase onto (100) silicon 
wafers as described in Chapters 2 and 3 to a thickness of ~ 400 nm. Film thickness 
was determined using profilometry. Small pieces (~ 3 mm × 3 mm) were cut from the 
film to be scanned in the DSC. Each piece was placed into an aluminum sample pan 
which was subsequently crimped shut. The DSC works by heating both the sample 
and a reference at the same constant rate in a nitrogen-purged atmosphere and measur-
ing the power differential needed to maintain an identical heating rate. When energy is 
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given off or absorbed during a reaction (such as the β−α phase transformation), a peak 
or valley will appear in the DSC scan, with peaks indicating exothermic reactions and 
valleys endothermic reactions. With knowledge of the amount of material contributing 
to such a peak, the driving force for the phase transformation can be determined. As 
the β−α phase transformation typically does not take place at temperatures below ~ 
300°C, samples scanned in the DSC were heated quickly to 300°C and then at 
10°/minute from 300−430°C to measure the energy given off during the transforma-
tion. 
As shown in Chapter 3, the transformation from β to α can be inhibited by the 
presence of oxygen in the film [1-3]. As the films scanned in the DSC were exposed to 
oxygen both from the air between deposition and testing and from residual oxygen in 
the atmosphere during thermal cycling in the DSC, it was expected that the film would 
not completely transform during testing. While it is difficult to gauge the amount of 
oxygen in the atmosphere during DSC testing, it is likely to be at least of the order of 
magnitude that Cabral et al [4] had in thermally cycling in a similar helium-purged 
atmosphere, and thus the film would be subject to substantial oxygen incorporation. In 
order to accurately gauge the driving force for the phase transformation, it was neces-
sary to determine the quantity of material that underwent phase transformation in each 
sample. To do this, samples were scanned using x-ray diffraction in a General Area 
Detector Diffraction System (GADDS) both before and after cycling in the DSC. Each 
sample was exposed to the x-ray source for 2 minutes. Samples were aligned such that 
the (002) β peak from planes aligned parallel to the sample surface would illuminate 
the center of the GADDS CCD area detector. As the β phase is very strongly textured 
with a preferred (001) out-of-plane orientation, a comparison of the volumes of the 
(002) β x-ray peaks collected before and after cycling in the DSC was used to estimate 
the fraction of the film that had transformed during testing.  
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GADDS scans for a 400 nm tantalum film before and after DSC scanning are 
shown in Figure 4.1. While the sample shows a strong (002) β peak in both cases, ad-
ditional α phase reflections are visible only after thermal cycling in the DSC. Note 
that the (202) β, (110) α, and (212) β peaks all appear within 1° in 2θ, and cannot be 
easily distinguished in GADDS. Peak volumes were determined from the total number 
of photons detected in a fixed angular range around the (002) β peak, as shown in Fig-
ure 4.1. The as-deposited film had an (002) β peak volume of 5.4 × 10
5 counts, which 
dropped to 5.0 × 10
5 after thermal cycling. The ratio of the peak volumes was taken as 
an indication of how much of the film had transformed, in this case, ~ 7%.  
The portion of the DSC scan in which an exothermic peak appears for the same 
400 nm tantalum film is shown in Figure 4.2. As the film is thin, only a limited 
amount of material can be tested and the energy change, ΔE, is very small (~ 1.8 × 10
-
4 J). The driving force for the phase transformation, ΔG is given by: 
E
X V
M
G Δ = Δ
ρ
,    (4.1) 
where M is the atomic weight, X the fraction of the film that transforms, V the volume 
of film tested, and ρ the density. The film volume is determined from the measured 
dimensions of the sample, the atomic weight and density are taken from the literature, 
and the fraction of the film that transforms from the ratio of peak volumes as de-
scribed above. From these data, the activation energy is estimated at ~ 5.7 kJ/mol, or 
roughly 200 times greater than the strain energy.  
Despite the large difference between the driving force estimated in Chapter 3 and 
that determined from DSC measurements, the activation energies calculated from 
Equation (3.6) change only very little, increasing by ~ 30%. While this difference is 
not substantial enough to greatly affect the qualitative comparisons to grain boundary 
and bulk diffusion made in Chapter 3, it will have a large impact on any quantitative  
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Figure 4.1: Images taken from GADDS x-ray scans of a 400 nm tantalum film (a) as-
deposited in the β phase and (b) after scanning in the DSC. A comparison of the (002) 
β peak volumes was used to determine how much of the film transformed during DSC 
experiments. 
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Figure 4.2: DSC scan of a tantalum film deposited in the metastable β phase. The peak 
indicates an exothermic reaction consistent with β−α phase transformation, and its 
area gives the energy released during the reaction (driving force of the transforma-
tion).  
predictions of transformation temperature or rate. The variation in activation energy 
with oxygen content is shown in Figure 4.3, with the values estimated from the strain 
energy in Chapter 3 shown for comparison. 
These experiments represent the first measurement of the driving force for the β−α 
phase transformation in tantalum films. However, the results presented here only re-
flect one sample, as the majority (~ 90%) do not measurably transform during DSC 
testing, presumably due to oxygen incorporation during heating in the DSC. There are 
also several potential sources of error in the experiment. Variations in film thickness 
from the edge of the substrate to the center (typically ~ 10% variation) are not ac-
counted for, meaning that the film thickness of any given sample has a corresponding 
uncertainty, and measurement of in-plane dimensions of the samples was crude (± ~ 
0.1 mm). Estimates of the amount of material transforming were also limited to ± ~ 
2% due to variations in peak volume with small variations in sample alignment. Addi-
tionally, the accuracy in measurement of the energy released during the phase trans-
formation was limited due to the small sample size and any potential energetic effects 
of oxygen incorporation were ignored. In short, while these results provide an order of 
magnitude estimate for the driving force, further tests beyond the scope of this thesis 
must be taken to judge the precision of the experiment and to determine the driving 
force for the β−α phase transformation with greater accuracy. 
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Figure 4.3: Activation energies for the β−α phase transformation as a function of oxy-
gen content in the film. The activation energies that were estimated in Chapter 3 based 
on the change in strain energy during the transformation are displayed for comparison. 
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Chapter 5 
 
 
Coefficient of thermal expansion and biaxial 
elastic modulus of β phase tantalum thin films 
 
Tantalum thin films can be deposited in either the stable bcc α phase or the metastable 
tetragonal β phase. The α phase is the only known stable polymorph of tantalum. It 
has a low resistivity (~ 13 μΩ cm), is quite ductile, is commonly used for thin film ca-
pacitors [1-3],
 and is the preferred phase for diffusion barriers between copper and sili-
con in microelectronic devices [4-6]. The β phase is found only in thin films, has a 
high resistivity (~ 180 μΩ cm), is easier to pattern using reactive ion etching than the 
α phase [7], and is used for thin film resistors or heaters [1, 2, 8] or in x-ray optics ap-
plications [7, 9].
 Despite its use in a number of applications, many of the physical 
properties of the β phase remain unknown. In this work, we determine the coefficient 
of thermal expansion (CTE) and average biaxial elastic modulus from the thermoelas-
tic behavior of thin tantalum films deposited in the β phase on substrates with different 
CTEs. 
Tantalum films were deposited onto ~ 0.5 mm thick substrates of either single 
crystal (100) silicon or amorphous fused silica. As CTE typically varies with tempera-
ture in a nonlinear fashion, nominal values of 3.15 × 10
-6 /°C for (100) silicon and 
0.60 × 10
-6 /°C for fused silica were determined by averaging third order polynomial 
fits over the temperature range of interest (25−200°C) [10]. Substrate thickness was 
measured using a micrometer, with an accuracy of ± 3 μm. 
As exposure to small amounts of oxygen has been seen to greatly affect the ther-
momechanical behavior of tantalum films [11], great care was taken to minimize ex-
   99  
posure during sample preparation and testing. Samples were prepared by magnetron 
sputter deposition in a UHV chamber evacuated to less than 2 × 10
-9 Torr. This UHV 
deposition system uses a confocal arrangement in which the substrate is mounted on a 
rotating stage over several 76 mm diameter magnetron sputter guns oriented 23° from 
the substrate normal and with a mean target-to-substrate distance of 12.5 cm. Before 
deposition, each substrate was cleaned using a 25 W radio-frequency bias in 8 mTorr 
of argon (99.9997% pure) for 1 minute to remove adsorbed gas molecules from the 
substrate surface. Tantalum films were then sputtered to thicknesses ranging from ~ 
150 to ~ 400 nm using a DC magnetron source and a 99.95% pure Ta target. A sput-
tering pressure of 8 mTorr of argon and a sputtering power of 400 W were used. The 
Ta deposition rate was approximately 15 nm/min. All films were deposited with the 
substrate grounded. Substrates were rotated at 5 rpm and were unheated during deposi-
tion. The maximum temperature reached during deposition was approximately 100°C, 
as measured by a thermocouple located behind the substrate.  
After deposition, films were thermally cycled between room temperature and 
600°C in the same UHV system at 5°C/min. Stresses that developed in the films dur-
ing the thermal cycle were determined by measuring changes in substrate curvature 
with a laser scanning system and determining the stress using the Stoney equation 
[12]. Film thicknesses were determined ex situ from an average of three profilometer 
measurements taken in regions near the edge of the substrate that were masked during 
deposition, with an uncertainty of ± ~ 10 nm. Due to the sputtering geometry, the 
thickness of films deposited in this system will systematically vary by ~ 10% from the 
edge of the substrate to the center. As the substrate curvature measurements were 
taken over the central 80 mm of the 100 mm diameter substrates, an average film 
thickness over this region was used in determining film stress.  
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Stress-temperature data are shown in Figure 5.1a for a tantalum film on a silicon 
substrate and in Figure 5.1b for a similar film on a fused silica substrate. In both cases, 
the tantalum film transforms from the metastable β phase to the stable α phase from ~ 
250−375°C during heating, accompanied by a large change in stress in the tensile di-
rection caused by densification of the film during the transformation [11]. Linear fits 
to the data at temperatures below ~ 200°C were used to determine the thermoelastic 
slopes, S = Δσ/ΔT, for both the β phase (during heating, before the phase transforma-
tion) and the α phase (during cooling, after the transformation) Thermoelastic slopes 
from two films deposited on each type of substrate are listed in Table 5.1. 
The CTE and average biaxial elastic modulus can be calculated from this data fol-
lowing a formulation similar to that of Witvrouw and Spaepen [13]. Assuming linear 
elastic deformation below 200°C, the thermoelastic slope, caused by differential ther-
mal expansion, can be written as: 
α
σ
Δ − =
Δ
Δ
= Y
T
S .    (5.1) 
where Δα is the difference in CTE between film and substrate (Δα =  αfilm − αsubstrate) 
and Y = E/(1 − ν) is the biaxial elastic modulus, with E and ν the Young modulus and 
Poisson ratio, respectively. For a single film on a substrate, it is impossible to deter-
mine both Y and αfilm. However, when the same film is deposited on two substrates 
with different known CTEs, a system of two equations with two unknowns can be 
constructed. For the current case, the average biaxial elastic modulus, YTa, and CTE, 
αTa, are given by: 
Si SiO
Si SiO
Ta
S S
Y
α α −
−
=
2
2      (5.2) 
and    
Si SiO
SiO Si Si SiO
Ta S S
S S
−
−
=
2
2 2 α α
α     (5.3) 
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(b) 
Figure 5.1: Stress vs. temperature data for (a) a 390 nm tantalum film deposited in the 
β phase on an ~ 0.5 mm (100) silicon substrate and (b) a 280 nm tantalum film depos-
ited in the β phase on an ~ 0.5 mm fused silica substrate. The large increase in stress at 
~ 300°C during heating is due to densification of the film during the β−α phase trans-
formation [11]. Linear fits to the data below 200°C are shown by the solid lines and 
represent thermoelastic slopes for the β phase (heating, before the transformation) and 
the α phase (cooling, after the transformation). 
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Table 5.1: Comparison of thermoelastic slopes of β and α phase tantalum films depos-
ited on (100) silicon and fused silica substrates and the calculated CTE and biaxial 
elastic modulus of each phase. Values of the CTE [14] and the biaxial elastic modulus 
(for both (100) and (111) crystal orientations) [15] of bulk bcc tantalum are given for 
comparison. 
 
 
  β phase  α phase  Bulk α phase  
Thermoelastic Slopes 
on (100) Silicon 
(MPa / °C) 
-0.45 ± 0.02 
-0.52 ± 0.03 
-0.98 ± 0.03 
-1.01 ± 0.04 
··· 
Thermoelastic Slopes 
on Fused Silica 
(MPa / °C) 
 
-0.95 ± 0.04 
-0.89 ± 0.07 
-1.74 ± 0.06 
-1.60 ± 0.11 
··· 
Average CTE  
(× 10
-6 /°C)  
6.0 ± 0.8  6.9 ± 0.9  6.5 
Average Biaxial Elas-
tic Modulus  
(GPa) 
 
170 ± 20  265 ± 30  230 [(100) orientation] 
310 [(111) orientation] 
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where αSi is the CTE of the silicon substrates, 
2 SiO α the CTE of the fused silica sub-
strates, SSi the thermoelastic slope of a tantalum film on a silicon substrate, and   
the thermoelastic slope of a tantalum film on a fused silica substrate. Films deposited 
on silicon and fused silica substrates should be nominally the same, as the interface 
conditions between the film and substrate are very similar in the two systems due to 
the native oxide on the silicon substrates. 
2 SiO S
The calculated CTEs and biaxial elastic moduli for both the α and β phases are 
shown in Table 5.1, along with values reported for bulk bcc tantalum for comparison. 
Good agreement was found between values for the CTE and biaxial modulus calcu-
lated for α phase films and values reported for bulk bcc tantalum [14]. The CTE calcu-
lated for α phase films was within 5% of the reported bulk value and well within the 
experimental uncertainty. The calculated value for the average biaxial elastic modulus 
of the α phase films was approximately halfway between reported values for (100) 
and (111) orientations. (These orientations correspond to the minimum and maximum 
average biaxial elastic moduli in cubic materials.) As phase-transformed films typi-
cally show a broad distribution of out-of-plane crystal orientations [16], such behavior 
is consistent with expectations.  
While the properties of the phase-transformed films were essentially those of bulk 
tantalum, the as-deposited β films have CTEs that are about 15% lower and elastic 
moduli that are quite different, with Yα exceeding Yβ by more than 50%. The calcu-
lated modulus of the β phase was also substantially less than the minimum possible for 
any crystal orientation of bcc tantalum, indicating that the two phases have very dif-
ferent elastic behaviors. Thus, it appears that the majority of the difference in the ob-
served thermoelastic behavior of the two phases can be attributed to differences in the 
elastic constants, with differences in CTE playing a secondary role. 
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Some degree of error is expected in the calculations due to uncertainties in the film 
thickness and the fairly wide range of CTEs reported in the literature for silicon and 
fused silica. As different reported functions for α(T) of the substrate materials can lead 
to variations in average CTE of up to 10% over the temperature range of interest [10, 
14, 17], the experimental uncertainty increases as well. The calculated modulus of the 
film varies linearly with the difference in substrate CTE,  Si SiO α α −
2 , and while the 
functional form for the calculation of film CTE is more complex, the calculated CTEs 
will vary similarly. In addition, there is some uncertainty in the measured thermoelas-
tic slopes due to uncertainties in film thickness. If there are systematic errors in the 
average thickness of the film, tf, and thus the stress values and thermoelastic slopes, 
this would be reflected only in the calculation of the biaxial elastic modulus calcula-
tion, where Y ∝ 1/tf ; the CTE calculation is insensitive to systematic errors in film 
thickness. Such errors can potentially cause a variation in the absolute values of Y but 
the relative difference between the two phases will remain constant. 
Values of the CTE and average biaxial elastic modulus have been determined for 
tantalum films deposited in the metastable β phase both before and after transforma-
tion to the stable α phase. While the CTEs vary only slightly between the two phases 
and are in good agreement with bulk values, there are significant differences in the 
elastic moduli that account for the very different thermoelastic slopes of the films be-
fore and after the phase transformation. While the modulus for the α phase films is in 
good agreement with bulk isotropic values, it is found that the tantalum films as-
deposited in the β phase are significantly more compliant.  
The authors would like to thank Max Aubain for his assistance with the profilome-
ter measurements.  
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Chapter 6 
 
 
Microstructure of phase-transformed tantalum 
thin films 
 
Robert Knepper, Ray Fertig, Katherine Jackson, and Shefford P. Baker 
Cornell University, Department of Materials Science and Engineering, Bard Hall, 
Ithaca, NY 14853-1501 
 
6.1 Abstract 
The microstructures of tantalum films deposited in the bcc α phase and films depos-
ited in the metastable tetragonal β phase and transformed to the α phase by thermal 
cycling were analyzed using electron backscatter diffraction. While films deposited in 
the α phase demonstrate a typical thin film microstructure, phase-transformed films 
have an unusual microstructure characterized by a discontinuous grain boundary struc-
ture and consistent gradients in crystal orientation within individual grains of up to 
4°/μm over a distance of several micrometers. Analysis of the distribution of pixel-to-
pixel axes of rotation using rotation pole figures strongly suggests that these gradients 
are due to aligned arrays of edge dislocations on primary slip systems parallel or 
nearly parallel to the plane of the film. A dislocation density of 2.4 × 10
14/m
2 is geo-
metrically necessary to account for the measured orientation gradients. It is suggested 
that these arrays of aligned dislocations are the result of large shear stresses in the film 
due to the densification of the crystal structure causing large changes in stress across 
the moving phase boundary during the transformation. 
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6.2 Introduction 
Tantalum thin films have been studied due to their applications in microelectronic de-
vices and in x-ray optics. Depending on the deposition conditions and substrate [1-5], 
tantalum films can be deposited with two different crystal structures: either the stable 
bcc α phase, or the metastable tetragonal β phase. It has been shown previously [6-9] 
that tantalum films deposited in the β phase will transform to the α phase with suffi-
cient heating by a nucleation and growth process [9]. When pure β phase tantalum 
films are annealed in ultra-high vacuum (UHV) conditions, they begin to transform to 
the α phase at ~ 300°C [9]. As shown in Figure 6.1, this transformation is accompa-
nied by a large change in stress in the tensile direction that is caused by densification 
of the film due primarily to the change in crystal structure [9]. Typically, the micro-
structure of annealed metal films is characterized by well-defined columnar grains 
with fiber texture having an average grain size on the same order as the film thickness 
[10]. The microstructure of films that have undergone transformation from the β to the 
α phase is quite different and one that has not previously been seen in any kind of thin 
metal film. This paper details these differences and suggests a mechanism by which 
such a microstructure might arise. 
 
6.3 Experiment 
6.3.1 Sample preparation 
Samples were prepared by magnetron sputter deposition in a UHV chamber evacuated 
to less than 2 × 10
-9 Torr. This UHV deposition system uses a confocal arrangement in 
which the substrate is mounted on a rotating stage over several 76 mm diameter mag-
netron sputter guns oriented 23° from the substrate normal and with a mean target-to-
substrate distance of 12.5 cm. 100 mm diameter oxidized (100) Si substrates were 
used. Before deposition, each substrate was cleaned using a 25 W radio-frequency bias  
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Figure 6.1: Stress-temperature plot of a 400 nm tantalum film deposited in the metast-
able β phase thermally cycled between room temperature and 700°C. The film trans-
forms to the stable α phase between 300° and 375°C, accompanied by a large change 
in stress in the tensile direction. 
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in 8 mTorr of argon for 1 min. to remove adsorbed gas molecules from the substrate 
surface. Tantalum films were then sputtered to a thickness of 300–400 nm using a DC 
magnetron source and a 99.95% pure Ta target. A sputtering pressure of 8 mTorr of 
argon and a sputtering power of ~ 400 W were used. The Ta deposition rate was ap-
proximately 15 nm/min. All films were deposited with the substrate grounded. Sub-
strates were rotated at 5 rpm and were unheated during deposition. The maximum 
temperature reached during deposition for films deposited in the β phase was ap-
proximately 100°C, as measured by a thermocouple located behind the substrate. Sev-
eral films were deposited in the α phase by increasing the substrate temperature to 
500°C during deposition. After deposition, samples were transferred to a vacuum fur-
nace within the same UHV system. Samples were then thermally cycled between room 
temperature and 700−750ºC at ~ 5ºC/min. During thermal cycling, films deposited in 
the β phase transform to the α phase, as determined by ex situ x-ray analysis [9]. 
 
6.3.2 Microstructure Characterization 
Electron backscatter diffraction (EBSD) was used to determine local crystallographic 
orientation information in both deposited and phase-transformed α tantalum films. 
The EBSD system used in this work (HKL Technology, Inc.) operates in conjunction 
with a Leica 440 SEM operating with a beam voltage and current of 25 kV and 1.2 
nA, respectively. A small area (~ 50 nm diameter) of the sample is subjected to an 
electron beam at an angle 70° from the sample normal. The electrons are scattered as 
they enter the sample, and these scattered electrons undergo Bragg diffraction from the 
various crystal planes in that region. The diffracted electrons produce bands of high 
and low intensity (called Kikuchi patterns) that are detected by a CCD area detector. 
These images are subsequently noise reduced by averaging over ten frames. The crys-
tal orientation of the sample at this location is determined by computerized analysis of 
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the Kikuchi pattern using the four or five most prominent bands using CHANNEL 5 
software (HKL, Inc.). By scanning an array of points with 100 nm spacing over a 12 
μm × 12 μm grid, detailed maps of local crystallographic orientation are generated. 
Similar arrays, scanned at a lower resolution and over a larger area (1–2 μm spacing 
over ~ 100 μm), are used to provide a more general view of the crystal orientation dis-
tribution within each sample. Further, a series of line scans with a 100 nm point spac-
ing along the line and several μm between lines were used to determine grain size. 
Boundaries were defined as abrupt changes in orientation of more than 2° where the 
orientation on either side of the boundary remained relatively constant for at least two 
pixels. Single pixel grains were not considered, as it was impossible to determine from 
the line scans whether or not such points were correctly indexed. As such, only grains 
larger than ~ 200 nm were considered in the current analysis. Based on reports of 
similar EBSD systems [11, 12], we estimate angular accuracy at ~ 1° and the precision 
at ~ 0.1°. 
 
6.4 EBSD Orientation Maps 
6.4.1 Analysis 
EBSD orientation maps were generated to show local distributions of out-of-plane 
crystal orientations in both as-deposited α and phase-transformed α films. The image 
shows out-of-plane crystallographic information by color, as detailed by the stereo-
graphic triangle in the lower right-hand corner of each map. The black lines in the im-
age depict high-angle grain boundaries (defined as a misorientation between neighbor-
ing pixels of greater than 8°), while gray lines indicate low-angle grain boundaries 
(defined as a misorientation between neighboring pixels of between 2° and 8°). Black 
pixels indicate regions where the EBSD software was not able to match the measured 
Kikuchi pattern with a corresponding α-Ta crystal orientation. In generating orienta-
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tion maps for the tantalum films studied in this work, typically about 80–85% of the 
points were correctly indexed by the CHANNEL 5 software, with ~ 1–2% wild spikes 
(isolated incorrectly indexed points) and the remainder non-indexed. Following noise 
reduction, greater than 90% of the points on an orientation map were indexed. Noise 
reduction was performed only on orientation maps to provide a better representation of 
the local microstructure of these films. 
 
6.4.2 Results 
Figure 6.2a shows an EBSD orientation map of a tantalum film that was deposited in 
the α phase. It can be seen from these data that the film is very strongly and sharply 
textured, with a preferred (110) out-of-plane orientation. The strong (110) texture is 
clearly evident on the local scale shown in Figure 6.2a and from the (110) pole figure 
and inverse pole figure shown in Figures 6.2b and c, respectively. The grain size is on 
the order of the film thickness (~ 400 nm), indicating that the grains are likely to be 
columnar in nature. The grain boundaries are all well defined and continuous. In short, 
the film deposited in the α phase has a microstructure typical of thin metal films.  
Films that were deposited in the β phase, but later transformed to α during thermal 
cycling have a much different microstructure. The most striking features of the phase-
transformed tantalum films can be seen in the EBSD map of the local microstructure 
shown in Figure 6.3. The phase-transformed microstructure is characterized by large 
gradients in crystal orientation that are often present within a single “grain”. Few high-
angle grain boundaries are seen in these films, and the ones that are present are often 
not continuous, making it difficult to define a grain in the traditional sense. It is occa-
sionally possible to go from one side of a high-angle grain boundary to the other with-
out crossing any high- or low-angle boundaries. Grains also tend to be elongated, often 
with a preferred direction of elongation and are much larger than the film thickness (~  
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Figure 6.2: (a) EBSD map showing the local out-of-plane crystal orientations of a tan-
talum film deposited in the α phase. The film has a strong (110) out-of-plane orienta-
tion, as can be seen from (b) the (110) pole figure and (c) the out-of-plane inverse pole 
figure, and a grain size on the order of the film thickness. Note the well-defined grains 
enclosed by high angle grain boundaries. 
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Figure 6.3: EBSD map showing the local out-of-plane crystal orientations of a tanta-
lum film deposited in the β phase and transformed to the α phase during thermal cy-
cling. The crystal orientation gradually changes with position in much of the film. Few 
high angle (> 8°, shown by black lines) or low angle grain boundaries (between 2° and 
8°, shown by gray lines) are present, and many are discontinuous. The red line lies in 
the middle of a region that visibly demonstrates a large, gradual change in crystal ori-
entation seen commonly in these films. 
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1.8 μm). The microstructure shown in Figure 6.3 is representative of the seven differ-
ent oxygen-free phase-transformed tantalum tantalum films ranging in thickness from 
~ 150–500 nm that we have analyzed. While the EBSD maps show local out-of- plane 
orientations ranging from (110) to (111) to (211), as seen in the PFs and IPF in Figure 
6.4, these films have a preferred crystal orientation in the vicinity of (111) out-of-
plane, but the peak is diffuse and a broad distribution of orientations are seen.   
 
6.4.3 Discussion  
The gradients in crystal orientation appear in most grains and are often quite substan-
tial. Gradients larger than 3°/μm are not uncommon and often extend over a range of 
several micrometers. For example, in the region of Figure 6.3 highlighted by the red 
line, the out-of-plane orientation changes from close to (110) to approximately (211) 
without crossing any high-angle or even low-angle grain boundaries. To further illus-
trate this point, a plot depicting crystal misorientation (relative to the line’s endpoint) 
with position along this line is shown in Figure 6.5. The plot shows that the crystal 
orientation is changing in a nearly linear fashion through this region with a magnitude 
of ~ 4°/μm.  
As gradients in orientation of this magnitude are highly unusual for a crystalline 
material and can even challenge common perceptions of what defines a crystal, one 
must consider how it is possible for such variation in orientation to exist. The most 
probable solution employs the concept of geometrically necessary dislocations 
(GNDs), where in order for a gradient in crystal orientation to exist in the absence of 
grain boundaries, there must also exist an array of dislocations with a preferred align-
ment and Burger’s vector (see Nye [13], Arsenlis and Parks [14], and El-Dasher et al 
[15] for additional details). For example, an array of aligned edge dislocations having 
both their Burger’s vectors and sense vectors (the line along which the dislocation lies)  
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Figure 6.4: (001), (110), and (111) out-of-plane pole figures of a phase-transformed 
tantalum film and an out-of-plane inverse pole figure of the same film. Note the dif-
fuse nature of the PFs and the peak in the IPF, indicating a film that is textured, but 
not sharply.  
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Figure 6.5: Plot depicting the change in misorientation angle with position along the 
red line shown in Figure 6.3 (relative to the bottom endpoint). Note that the linear 
trend indicates a constant rotation of ~ 4°/μm over a distance of more than seven mi-
crometers. 
   
in the plane of the film would cause a rotation of the crystal about an axis laying paral-
lel to the sense vector. Using a simple 2-D model based on the work of Nye [13], the 
GND density, ρ, can be calculated, assuming such an array of aligned edge disloca-
tions, from the rate of angular misorientation with position, θ / x, and the magnitude of 
the Burger’s vector, b, from 
     
bx
θ
ρ = .     (6.1) 
From the measured θ / x of 4°/μm and the value of b for bcc tantalum of 2.863 Å, a 
value of ~ 2.4 × 10
14/m
2 is found for ρ. If the GNDs were spread uniformly throughout 
the film, this density would result in an in-plane spacing between dislocations of ~ 12 
nm. However, as the in-plane resolution of the EBSD scan was 100 nm, it is impossi-
ble to tell from these data whether the dislocations are spread evenly or grouped into 
subgrain boundaries at a length scale smaller than the resolution of the scan. The cal-
culated value for ρ is moderate for a metal, and it is not unreasonable that such a den-
sity would arise from processes associated with the phase transformation. It is impor-
tant to note that this is only the minimum density of dislocations needed to obtain the 
observed orientation gradients. It is often the case that the total dislocation density is 
much greater than the GND density [16]; as such, GNDs are often best studied by 
EBSD, where their effect on orientation on the micron-scale can be easily seen and 
quantified, rather than using TEM, where GNDs can be lost amid the much higher 
density of randomly oriented dislocations [15]. 
While variations in local crystal orientation have been seen in EBSD studies of 
heavily deformed bulk aluminum [15, 17], copper [18], and steel [19] and within sin-
gle grains in copper thin films studied by x-ray microdiffraction [20], the magnitude of 
the orientation gradients in these materials are generally at least an order of magnitude 
less than those seen in phase-transformed tantalum films. Variations in GND density 
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with position have been analyzed in bulk aluminum and copper, based on local curva-
tures of the crystal obtained from EBSD data [17, 18]. While GND densities of greater 
than 10
16/m
2 have been reported in these studies, such values can be misleading, as 
they include rotations due to grain boundaries of up to 14°. If low angle boundaries 
greater than 2° were to be excluded from GND determination as in the current study, 
the typical GND densities in deformed bulk metals are likely to be several orders of 
magnitude lower and less than the GND density for phase-transformed tantalum films. 
Additionally, while other materials in which variations in local crystal orientation have 
been studied show only small, highly localized perturbations (typically less than ~ 1°) 
about the mean orientation of a grain or subgrain, the phase-transformed tantalum 
films we have studied often have continuous orientation gradients over long distances 
that can cover the entirety of a grain and produce misorientations of greater than 20°. 
 
6.5 Rotation Pole Figures 
6.5.1 Analysis 
At this point in the analysis, the character and location of the dislocations that cause 
the gradients in crystal orientation have yet to be considered. In order to gain further 
insight into this matter, we have taken a more detailed look at the axes around which 
these rotations occur by constructing “rotation pole figures” (RPFs). RPFs plot the dis-
tribution of all axes of rotation between neighboring pixels in an EBSD orientation 
map (excluding those across grain boundaries) on a stereographic plot. To do this, a 
list of Euler angles describing the orientation of each pixel along with its location is 
exported from the CHANNEL 5 software. The axis and magnitude of rotation between 
all neighboring pixels is then determined using a MATLAB code, after which the dis-
tribution of rotation axes can be plotted for any range of misorientation angles. As the 
crystal can be rotated around many different axes to produce crystallographically iden-
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tical results, only those axes that use the minimum magnitude of rotation are plotted. 
These rotation axes can be plotted relative to either the crystal unit cell coordinate 
axes (crystal RPF) or relative to a fixed real-space coordinate system (sample RPF). 
Crystal RPFs can be used to show whether rotations occur around particular crystallo-
graphic axes, as would be the case if a particular type and character of dislocation 
were responsible for the rotations. Similarly, sample RPFs can be used to show if rota-
tions occur about particular directions in the sample. The intensities shown in the 
RPFs are all normalized by their mean intensity. Note that crystal and sample RPFs 
have different shapes due to the different application of symmetry conditions in crystal 
and sample coordinates. 
 
6.5.2 Results 
A series of crystal RPFs calculated from the EBSD map in Figure 6.3 are shown in 
Figure 6.6. Crystal RPFs are depicted as stereographic triangles similar to that seen in 
an inverse pole figure, except that each location in a crystal RPF corresponds to an 
axis in a cubic crystal about which a rotation may occur. Crystal RPFs are shown for 
several different ranges of misorientations smaller than that required to compose a 
low-angle grain boundary, 0−0.2° (“small”), 0.2−0.45° (“medium”), and 0.45−2° 
(“large”). A substantial peak is evident around the <211>-type directions for “me-
dium” misorientations (denoted by the star in Figure 6.6). While the distributions ap-
pear mostly random for “small” and “large” misorientations, a smaller peak around the 
same location can be seen for “small” misorientations as well.  
A series of sample RPFs also calculated from the EBSD map in Figure 6.3 are 
shown in Figure 6.7. Sample RPF are similar to standard out-of-plane pole figures in 
that the center of the sample RPF corresponds to rotation axes normal to the plane of 
the film, while the edge of the sample RPF corresponds to rotation axes in the plane of 
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Figure 6.6: Rotation pole figures in crystal coordinates showing the distribution of 
pixel-to-pixel rotations about crystal axes in a phase-transformed Ta film for (a) 
0−0.2°, (b) 0.2−0.45°, and (c) 0.45−2° misorientations. The peak around the [211] di-
rection (denoted by the star) is consistent with the rotation generated by an array of 
aligned edge dislocations on a primary slip system. 
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Figure 6.7: Rotation pole figures in sample coordinates showing the distribution of 
pixel-to-pixel axes of rotation relative to the sample coordinate system for (a) 0−0.2°, 
(b) 0.2−0.45°, and (c) 0.45−2° misorientations. The intensity near the edge of the sam-
ple RPF indicates that the rotation axes are primarily in or near the plane of the film. 
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the film. As with the crystal RPFs, sample RPFs are shown for different ranges of 
misorientations, 0−0.2° (“small”), 0.2−0.45° (“medium”), and 0.45−2° (“large”).  
Nearly all of the intensity is located at or near the edge of the sample RPFs for “small” 
and “medium” misorientations, indicating that the rotation axes are located in or near 
to the plane of the film. “Large” misorientations, however, show a large, diffuse peak 
approximately 45° from the sample normal in addition to lesser intensities near the 
plane of the film.  
 
6.5.3 Discussion 
Much can be inferred about the dislocation structure of phase-transformed tantalum 
films from RPF data. <211>-type crystal rotation axes are dominant over the range of 
misorientations that are commonly seen as consistent, smooth orientation gradients in 
the EBSD maps. The <211> axes also coincide with the sense vectors of edge disloca-
tions on primary bcc slip systems (<111> slip directions on {110} slip planes). As an 
array of aligned edge dislocations will cause a rotation about an axis parallel to their 
sense vectors, this provides strong evidence that the crystal orientation gradients are 
caused by such arrays of dislocations. It is important to note that no substantial peaks 
are evident in the crystal RPF on any of the rotation axes consistent with arrays of 
screw dislocations on primary slip planes (shown by the diamond) or edge dislocations 
located on secondary slip systems (i.e. <111> slip directions on {112} slip planes, 
shown as the ×, or <111> slip directions on {123} slip planes, shown by the circles), 
and thus the crystal RPF points only to arrays of edge dislocations on primary slip sys-
tems. Combined with the information from the sample RPFs, the data strongly support 
the presence of edge dislocations on primary slip systems lying in or near the plane of 
the film as leading to the observed crystal orientation gradients.  
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It is clear from the crystal RPFs that the GNDs have a fairly constant density and 
do not appear for misorientations greater than ~ 4.5°/μm (0.45°/pixel). While the crys-
tal RPFs show no preferred rotation axis or type of dislocation at “large” misorienta-
tions, it is not clear why the dominant rotation axis in the sample RPF changes from 
the plane of the film to ~ 45° off-normal, though it is likely to have to do with the re-
laxation of stress in the film during the phase transformation. 
It is important to note that there is a spread in the distributions of rotation axes in 
both the crystal and sample RPFs. There are several possible reasons for this. One is 
that there may be randomly oriented dislocations mixed in with the GNDs that causes 
local axes of rotation to vary about a mean. However, this is unlikely to be the primary 
cause of the spread, as the 100 nm spacing between pixels includes more than 5 GNDs 
on average, reducing the impact of randomly oriented dislocations. A more likely 
cause is the angular precision of the EBSD. As shown by Prior [21], for small misori-
entations, the angular resolution of the EBSD may limit the accuracy in which a par-
ticular axis of rotation can be determined. Bate et al [22] have shown that the angular 
uncertainty in determining the axis of rotation between pixels, β, can be determined 
by:  
       ( ) ω
δ β
1 tan
− =     (6.2) 
where δ is the angular precision of the EBSD and ω the misorientation between pixels. 
As the precision of the EBSD (~ 0.1°) is of the same order as the pixel-to-pixel 
misorientation (~ 0.3°), the potential for error in the measurement of any particular 
axis of rotation is high (~ 20°), though it is evident from the crystal RPF of “medium” 
misorientations that it is still possible to obtain fairly sharp peaks. This uncertainty in 
determining the axis of rotation is likely to cause some of the observed spread in the 
RPFs.  
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Figure 6.8: Comparison of misorientation in crystal reference coordinates with misori-
entation in sample reference coordinates with position along the red line shown in 
Figure 6.3. Note that while the misorientation crystal coordinates varies linearly with 
position over the entire distance, the misorientation in sample coordinates has distinct 
changes in slope characteristic of a change in the dominant axis of rotation. 
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While the RPFs provide strong evidence of the location and type of dislocation 
causing the observed rotation, further analysis can provide even more information 
about the dislocation structure. Similar to how rotation axes can be plotted relative to 
either crystal or sample coordinate systems, misorientation angles can also be plotted  
relative to either crystal or sample reference frames, as shown in Figure 6.8 for 
misorientations along the red line shown in Figure 6.3. While the misorientation rela-
tive to the crystal is linear with position, the misorientation relative to the sample ref-
erence frame is piecewise linear with regions having distinctly different slopes. This is 
a clear indication that rotations are occurring around different specific axes in different 
regions, and thus that different arrays of dislocations are dominant in different areas of 
the film. This conclusion is not inconsistent with our previous interpretation of arrays 
of edge dislocations on primary slip systems lying in or near the plane of the film, as 
there are many different primary slip systems on which the arrays of dislocations 
could be located. Thus, we demonstrate the ability to predict a dislocation structure in 
phase-transformed tantalum films solely from EBSD data. 
 
6.6 General Discussion 
While we have discussed in detail the microstructure and, specifically, the predicted 
dislocation structure of phase-transformed tantalum films, we have not yet discussed 
the mechanisms by which such a structure might arise. As can be seen in Figure 6.1, 
there is a large change in stress during the phase transformation, which is mainly due 
to densification of the crystal structure [9]. As such, there will be very different local 
stress levels, and thus very large shear stresses must exist across the phase boundary. 
It is likely that dislocations are nucleated during the growth of the α phase to relax 
these shears. If this is the case, there will be a particular dislocation character and Bur-
ger’s vector that will most efficiently relax the stresses and may lead to arrays of 
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aligned dislocations such as those discussed earlier. As can be seen from the orienta-
tion gradients in Figure 6.3, the orientation of the phase-transformed crystal will 
gradually change as the phase boundary moves through the film during the transfor-
mation. This may cause different arrays of dislocations to be the most efficient at re-
laxing stresses in different regions of the film. Such a mechanism would necessitate 
that orientation gradients occur primarily along the direction of α phase growth. This 
is consistent with the qualitative observation that EBSD maps of phase-transformed 
films typically demonstrate maximum orientation gradients along the elongated direc-
tion of the grains. 
 
6.7 Conclusions 
The microstructure of tantalum films both deposited in the bcc α phase and deposited 
in the β phase and transformed to the α phase by thermal cycling was analyzed using 
EBSD. While films deposited in the α phase demonstrate a typical thin film micro-
structure, phase-transformed tantalum films have an unusual microstructure character-
ized by grains much larger than the film thickness and gradients in crystal orientation 
within individual grains of up to 4°/μm. Analysis of the distribution of pixel-to-pixel 
axes of rotation strongly suggest that these gradients are due to aligned arrays of edge 
dislocations on primary slip systems located in or near to the plane of the film. It is 
likely that these arrays of aligned dislocations are the result of large shear stresses that 
occur in the film during the phase transformation due to the densification of the crystal 
structure and large changes in local stress. 
 
The authors would like to thank John Hunt for his assistance with the EBSD.  
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Chapter 7 
 
 
Effect of oxygen on the microstructure of phase-
transformed tantalum thin films 
 
Robert Knepper, Max Aubain, Ray Fertig, and Shefford P. Baker 
Cornell University, Department of Materials Science and Engineering, Bard Hall, 
Ithaca, NY 14853-1501 
 
7.1 Abstract 
Tantalum films were deposited in the metastable β phase with varying partial pres-
sures of oxygen and transformed to the stable α phase during thermal cycling. The mi-
crostructures of the phase-transformed films were investigated using electron back-
scatter diffraction. As oxygen content increases, the grain size becomes much larger, 
grain boundaries angle is reduced, and the intragrain orientation gradients observed in 
oxygen-free phase-transformed films are less prevalent. It is posited that oxygen in the 
grain boundaries of the as-deposited film reduces the number of α phase nucleation 
sites, leading to larger grain sizes in the phase-transformed film. Higher transforma-
tion temperatures were observed in oxygen-containing films, which will affect disloca-
tion mobility and, consequently, orientation gradients. Thus, the addition of oxygen to 
tantalum films during deposition is an effective method of controlling not only the 
temperature of the β−α phase transformation, but the resultant microstructure as well. 
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7.2 Introduction 
Tantalum thin films have been studied due to their applications in microelectronic de-
vices and in x-ray optics. Depending on deposition conditions and substrate [1-5], tan-
talum films can be deposited with two different crystal structures: the stable bcc α 
phase or the metastable tetragonal β phase. The β phase is found only in thin films and 
has a high resistivity (~ 180 μΩ cm), making it suitable for thin film resistors and 
heaters. β tantalum is also easier to pattern using reactive ion etching than the α phase 
[6] and is therefore used for masks in x-ray optics. The α phase has a much lower re-
sistivity (~ 13 μΩ cm), is less brittle, and is commonly used for thin film interconnec-
tions and capacitors and as a diffusion barrier between copper and silicon in micro-
electronic devices.  
It has been observed that tantalum films deposited in the β phase can transform to 
the α phase upon sufficient heating and that the transformation will be accompanied 
by a significant change in stress in the tensile direction [7, 8]. We have previously 
shown that the microstructure of oxygen-free tantalum films that have undergone the 
β−α phase transformation is quite different than the microstructure seen in similar 
films that were directly deposited in the α phase [9]. The phase-transformed micro-
structure is instead characterized by a discontinuous grain boundary network and con-
tinuous gradients in crystal orientation within individual grains of up to 4°/μm, as 
shown in Figure 7.1a.  
We have also shown previously that adding a small partial pressure of oxygen to 
the deposition atmosphere (~ 10
-6 Torr) inhibits the β−α phase transformation by in-
creasing the activation energy for boundary motion, thus requiring higher temperatures 
for the transformation to reach completion, as seen in Figure 7.1b [8]. Oxygen content 
also affects the microstructure: grain size, orientation distribution, and orientation gra-
dients. In this paper, we explore these microstructural differences using electron back- 
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Figure 7.1: (a) EBSD map of a 300 nm oxygen-free tantalum film deposited in the β 
phase and transformed to the α phase during thermal cycling [9]. The oxygen-free 
phase-transformed film has a discontinuous grain boundary structure, and continuous 
gradients in crystal orientation within individual grains. (b) Stress-temperature plot of 
tantalum films deposited with varying partial pressures of oxygen [8]. Increasing oxy-
gen content inhibits the phase transformation, requiring higher temperatures to initiate 
and to reach completion. 
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scatter diffraction (EBSD) and discuss some of the mechanisms that might account for 
these differences.  
 
7.3 Experiment 
7.3.1 Sample Preparation 
Samples were prepared by magnetron sputter deposition in an ultra-high vacuum 
(UHV) chamber evacuated to less than 2 × 10
-9 Torr using equipment described in de-
tail elsewhere [8]. 100 mm diameter oxidized Si (100) substrates were used. Before 
deposition, each substrate was cleaned using a 25 W radio-frequency bias in 8 mTorr 
of argon for 1 minute to remove adsorbed gas molecules from the substrate surface. 
Tantalum films were then sputtered to a thickness of 300–400 nm using a DC magne-
tron source and a 99.95% pure Ta target. A sputtering pressure of 8 mTorr of argon 
and a sputtering power of ~ 400 W were used. Oxygen was incorporated into the films 
by adding a fixed oxygen partial pressure in the range of 2.5 × 10
-6 to 8.1 × 10
-6 Torr 
to the sputtering gas during deposition by use of a leak valve, with the partial pressure 
measured both before and after deposition. The Ta deposition rate was approximately 
15 nm/min. All films were deposited with the substrate grounded. Substrates were ro-
tated at 5 rpm and were unheated during deposition. The maximum temperature 
reached during deposition was approximately 100°C, as measured by a thermocouple 
located behind the substrate.  
After deposition, samples were transferred to a vacuum furnace within the same 
UHV system. Samples were then thermally cycled between room temperature and 
700ºC at 5ºC/min. Films deposited in the β phase transformed to the α phase during 
thermal cycling, as determined by ex situ x-ray analysis. 
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7.3.2 Microstructure Characterization 
EBSD was used to determine local crystallographic orientation information in both as-
deposited and phase-transformed α tantalum films. The EBSD system (HKL Technol-
ogy, Inc.) operates in conjunction with a Leica 440 SEM operating at 25 kV and 1.2 
nA as described elsewhere [9]. By scanning an array of points with 100 nm spacing 
over a 12 μm × 12 μm grid, detailed crystallographic orientation maps are generated. 
Similar arrays, scanned at a lower resolution and over a larger area (1–2 μm spacing 
over ~ 100 μm), are used to provide a more general view of the orientation distribution 
within each sample.  
Grain sizes and the distribution of boundary angles were determined from several 
series of line scans with a 100 nm measurement spacing along the line and several μm 
between lines. Boundaries were defined as abrupt changes in orientation of more than 
2° where the orientation on either side of the boundary remained relatively constant 
for at least two pixels. Single pixel grains were not considered, as it was impossible to 
determine from the line scans if such points were correctly indexed. As such, only 
grains larger than ~ 200 nm were considered in the current analysis.  
 
7.4 Results 
EBSD maps of phase-transformed tantalum films that were deposited with 2.5 × 10
-6, 
4.6 × 10
-6, and 8.1 × 10
-6 Torr of oxygen are shown in Figure 7.2. The black lines in 
the images depict high-angle grain boundaries (defined as a misorientation between 
neighboring pixels of greater than 8°), while gray lines indicate low-angle grain 
boundaries (defined as a misorientation between neighboring pixels of between 2° and 
8°). Black pixels indicate regions where the EBSD software was not able to match the 
measured Kikuchi pattern with a corresponding α-Ta crystal orientation. As can be 
seen in the EBSD maps, the local microstructure changes dramatically with the addi- 
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Figure 7.2: EBSD maps of phase-transformed tantalum films deposited with (a) 2.5 × 
10
-6, (b) 4.6 × 10
-6, and (c) 8.1 × 10
-6 Torr of oxygen. 
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tion of increasing amounts of oxygen to the film. Immediately visible is the increase in 
grain size with increasing oxygen content. As shown in Figure 7.3, while smaller 
amounts of oxygen have little or no effect on the grain size, the average grain size in-
creases by nearly an order of magnitude with the addition of 8.1 × 10
-6 Torr of oxygen. 
In addition, small angle grain boundaries constitute a much larger fraction of the 
boundaries as the oxygen content in the film increases, as shown in Figure 7.4. Fur-
ther, the large, continuous gradients in crystal orientation seen in films with little or no 
oxygen added during deposition appear much less frequently in the film deposited 
with 8.1 × 10
-6 Torr of oxygen and cover a much smaller part of the film. Figure 7.5 
shows the distribution of misorientations between neighboring pixels in the EBSD 
maps of phase-transformed tantalum films in Figure 7.1. While all films have a peak at 
~ 0.4°/pixel, the film deposited with 8.1 × 10
-6 Torr of oxygen has an additional peak 
at ~ 0.1°/pixel (approximately the precision of the system), indicating that a substan-
tial fraction of the film has only very small local gradients in crystal orientation. 
The global distribution of out-of-plane crystal orientations also changes considerably 
with oxygen content, as shown in the out-of-plane inverse pole figures (IPFs) in Fig-
ure 7.6. In films with lower oxygen concentrations, the IPFs remain nearly constant, 
with peaks slightly offset from the (111) out-of-plane orientation and comparable 
spreads in the distributions of orientations, though the spread is somewhat larger for 
the film deposited with 4.6 × 10
-6 Torr of oxygen. The IPF undergoes a dramatic 
change in the film deposited with 8.1 × 10
-6 Torr of oxygen. While there is still only 
one peak evident in the distribution, it moves to a position near a (110) out-of-plane 
orientation and is significantly sharper than those seen in the other films. 
The distribution of axes of rotation between neighboring pixels in the EBSD orien-
tation maps were analyzed using rotation pole figures (RPFs). As described previously 
[9], RPFs plot the distribution of all axes of rotation between neighboring pixels in an 
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Figure 7.3: Plot of average grain size with oxygen content. Error bars indicate the 
standard deviation. The grain size increases with increasing oxygen. 
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Figure 7.4: Histograms showing the variation in grain boundary angles with increasing 
oxygen partial pressure during deposition. As the oxygen content increases, high-angle 
grain boundaries are gradually replaced with a greater percentage of low-angle 
boundaries. 
   
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Figure 7.5: Comparison of the distribution of misorientations between neighboring 
pixels with increasing oxygen partial pressure during deposition. While all films show 
a peak at ~ 0.4°/pixel, note appearance of a second peak at ~ 0.1°/pixel in the film de-
posited in 8.1 × 10
-6 Torr of oxygen. 
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Figure 7.6: Inverse pole figures depicting the out-of-plane crystal orientation distribu-
tion in phase-transformed tantalum films deposited with (a) no oxygen, (b) 2.5 × 10
-6, 
(c) 4.6 × 10
-6, and (d) 8.1 × 10
-6 Torr of oxygen. All IPFs are normalized to their mean 
intensity, with color scaling as shown. 
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EBSD orientation map (excluding those across high-angle grain boundaries) on a 
stereographic plot. These rotation axes can be plotted relative to either the crystal unit 
cell coordinate axes (crystal RPF) or relative to a fixed real-space coordinate system 
(sample RPF). Crystal RPFs can be used to show whether rotations occur around par-
ticular crystallographic axes, as would be the case if a particular type and character of 
dislocation were responsible for the rotations. Similarly, sample RPFs can be used to 
show if rotations occur about particular directions in the sample.  
A series of crystal and sample RPFs for various ranges of misorientations between 
neighboring pixels smaller than 2° (the minimum for low-angle grain boundaries) are 
shown in Figures 7.7 and 7.8 for an oxygen-free film and the film deposited with 8.1 × 
10
-6 Torr of oxygen, respectively. RPFs are shown for small (0-0.2° for the oxygen-
free film, 0-0.1° for the oxygen-containing film), moderate (0.2-0.45° for the oxygen-
free film, 0.1-0.35° for the oxygen-containing film), and large (0.45-2° for the oxygen-
free film, 0.35-2° for the oxygen-containing film) misorientations. For small misorien-
tations, rotation axes are distributed randomly in both films in crystal and sample co-
ordinates, with a slight preference for [211] crystal axes in the oxygen-free film. Both 
films show a substantial peak around the [211] crystal axis in the crystal RPF for mod-
erate misorientations and have rotation axes near the plane of the film, as seen in the 
sample RPF. However, while the oxygen-free film shows a distribution of rotation 
axes around an arc in the sample RPF, the oxygen-containing film has only a single 
strong peak. For large misorientations, the RPFs are very different. The crystal RPF 
for the oxygen-free film looks very similar to the one for small misorientations, with a 
mostly random distribution and slight preference for [211] crystal axes. The sample 
RPF, however, shows only a single peak ~ 45° from the film normal. In the oxygen-
containing film, the crystal RPF has a diffuse peak in the vicinity of the [111] crystal 
axis while the sample RPF shows two distinct peaks: a sharp, intense peak in the same 
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Figure 7.7: Rotation pole figures showing distributions of axes of rotation in an oxy-
gen-free film in crystal and sample coordinates for (a) and (d) 0-0.2°, (b) and (e) 0.2-
0.45°, and (c) and (f) 0.45-2° misorientations. 
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Figure 7.8: Rotation pole figures showing distributions of axes of rotation in the film 
deposited with 8.1 × 10
-6 Torr of oxygen in crystal and sample coordinates for (a) and 
(d) 0-0.1°, (b) and (e) 0.1-0.35°, and (c) and (f) 0.35-2° misorientations. 
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location as the peak at moderate misorientations, and a more diffuse peak in the same 
location as in the oxygen-free film. Interpretation of these features is discussed in the 
following section.  
 
7.5 Discussion 
As the grain size increases significantly with increasing oxygen content, either α 
phase nucleation is inhibited or fewer nuclei are able to grow. As shown by Jiang et al 
[10] in molecular dynamics simulations, homogeneous nucleation of α phase nuclei in 
a β crystallite is very unlikely and was not observed in their simulations of the β−α 
phase transformation in tantalum films. As such, the other alternatives for α phase nu-
cleation are either during deposition or heterogeneous nucleation along grain bounda-
ries or other surfaces. As oxygen incorporated during deposition is likely to segregate 
to the grain boundaries of the β phase film, it may inhibit the formation of α nuclei, 
similar to the observations of Lucke and Detert in recrystalization experiments [11]. A 
smaller number of nuclei would then lead to a larger grain size in the phase-
transformed film. Alternatively, if nucleation is not inhibited or if nuclei are already 
present from deposition, growth may begin in regions where the local oxygen concen-
tration is low due reduced solute drag. As the phase boundary moves and encounters 
additional oxygen, some of the energy recovered during the transformation may serve 
to drive oxygen from the film, as described by in an earlier paper [8]. 
Previously, we showed that RPFs can be used to infer the structure of arrays of 
geometrically necessary dislocations that cause the large orientation gradients in 
phase-transformed tantalum films [9]; the [211] peak in the crystal RPF is indicative 
of edge dislocations on primary bcc slip systems, and the sample RPF showed that the 
axes of rotation, and thus the arrays of edge dislocations, lay in or near to the plane of 
the film. While the rotation axes found for small misorientations are mostly random, 
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the consistent peak in the distribution of axes of rotation in the crystal in the [211] di-
rection for both films indicates that the mechanism leading to the formation of geo-
metrically necessary dislocations is consistent, regardless of the oxygen content of the 
film. While the mechanism for dislocation formation remains consistent, something in 
the film deposited with 8.1 × 10
-6 Torr of oxygen suppresses the large, continuous ori-
entation gradients seen in the films having smaller oxygen contents. A possible expla-
nation relies on the ability of oxygen to inhibit the phase transformation and the high 
transformation temperature of the film deposited with 8.1 × 10
-6 Torr of oxygen (see 
Figure 7.1). If dislocations with a preferred orientation are nucleated during the trans-
formation, the driving force for dislocation motion will be the highest when the phase 
boundary is near because of the large shear stresses that develop due to the difference 
in stress across the boundary between the β and α phases. The higher transformation 
temperature for the film deposited with 8.1 × 10
-6 Torr of oxygen allows for greater 
dislocation mobility while the driving force is high and may lead to a significant frac-
tion of the dislocations moving on their slip planes to the film surfaces where they 
would no longer contribute to an orientation gradient. 
For larger misorientations, it appears that a different mechanism dominates dislo-
cation formation, as the crystal RPFs are mostly random, while the sample RPFs show 
distinct peaks. This indicates that no particular dislocation orientation or character is 
preferred in the crystal, but there is still a preferred orientation in the sample. We are 
currently unable to explain why a preferred axis of rotation relative to the sample per-
sists in the film when there are no apparent preferred dislocations. In addition, the dif-
ferences in the distributions of crystal orientations or grain boundary angles with in-
creasing oxygen content remain unexplained. As the current data is insufficient to de-
termine all aspects of the dislocation structure of phase-transformed tantalum films 
and its variation with oxygen content, atomistic simulations a polycrystalline tantalum 
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film during the β−α phase transformation may provide a greater understanding of the 
mechanisms controlling these factors as well as to confirm the mechanisms suggested 
to control grain size and orientation gradient. 
 
7.6 Conclusions 
The addition of oxygen to β phase tantalum films during deposition has a large impact 
on the microstructure of the phase-transformed film. As oxygen content increases, the 
grain size becomes much larger, average grain boundaries angle decreases, and the 
intragrain orientation gradients observed in oxygen-free phase-transformed films are 
less prevalent. The higher transformation temperatures for oxygen-containing films 
may allow for enhanced dislocation mobility to the interfaces and lead to fewer orien-
tation gradients in the phase-transformed film. The addition of oxygen to tantalum 
films during deposition is an effective method of controlling not only the temperature 
of the β−α phase transformation, but the resultant microstructure as well. 
 
The authors would like to thank John Hunt for his assistance with the EBSD system. 
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Chapter 8 
 
 
Summary and Outlook 
 
 
Tantalum films have been deposited with excellent control over the amount of impuri-
ties added. Oxygen-free films deposited in the metastable β phase have been shown to 
transform to the stable α phase at temperatures much lower than previously reported. 
The coefficient of thermal expansion and biaxial elastic modulus for as-deposited β 
phase and phase-transformed α phase films were calculated from the thermoelastic 
slopes of films deposited on (100) silicon and amorphous fused silica substrates. The 
large change in stress in the tensile direction that accompanies the transformation is 
due to film densification caused by the change in crystal structure and the elimination 
of free volume associated with grain boundaries in the as-deposited film. The β−α 
phase transformation has been shown to be a nucleation and growth process that is 
limited by growth and the driving force for the transformation has been measured us-
ing DSC.  
EBSD analysis of phase-transformed tantalum films showed a very unusual micro-
structure that has not been previously seen in which the grain sizes were approxi-
mately an order of magnitude greater than the film thickness, the grain boundary struc-
ture was discontinuous, and large continuous gradients in crystal orientation of up to 
4°/μm within individual grains were common. Analysis of the distribution of axes of 
rotation using rotation pole figures was used to determine the orientation and character 
of arrays of geometrically necessary dislocations that could account for the observed 
microstructure. The addition of oxygen during deposition also had a large impact on 
   149  
the resultant phase-transformed microstructure. Increasing oxygen content resulted in 
a much larger grain size, a smaller average grain boundary angle, reduced orientation 
gradients, and a change in preferred out-of-plane crystal orientation. 
The addition of oxygen to the film either by depositing in an oxygen-containing 
atmosphere, by exposing to oxygen immediately following deposition and forming a 
surface oxide, or by thermally cycling in an oxygen-containing atmosphere inhibited 
the phase transformation by solute drag and required higher temperatures to com-
pletely transform the film from β to α. The increase in activation energy necessary for 
the transformation to progress was estimated as a function of oxygen content in the 
film.  
The work detailed in this thesis not only provides insight into the reliability of tan-
talum films in devices from the very large stresses that develop during both the β−α 
phase transformation and oxygen incorporation, but can also provide a basis for engi-
neering tantalum films to best suit the application at hand. Control of the oxygen con-
tent in a deposited β phase film can be used to impose a particular transformation tem-
perature, allowing films to be easily patterned in the β phase and then transformed to 
the α phase at low temperatures for use in applications like diffusion barriers, or wear 
and corrosion resistant coatings where the α phase is preferred. Alternatively, adding 
oxygen to a film allows it to remain in the β phase at very high temperatures, which 
can be useful for thin film resistors and heaters where β phase films are often used. 
Oxygen addition may allow not only for control over the temperature at which the 
transformation occurs, but also of the resultant phase-transformed microstructure, 
making it possible to engineer the microstructure of α phase films and exert control 
over both crystal orientation and grain size. 
Further experiments are suggested to elucidate the grain and dislocation structure, 
the mechanisms of α phase and dislocation nucleation, and to study tantalum films 
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under conditions closer to those seen in many devices. Some suggested experiments 
are: 
•  TEM – Plan view samples can be analyzed for total dislocation density and 
to determine whether dislocations are uniformly distributed or organized 
into subgrain boundaries in phase-transformed films. Further, cross-section 
samples can be used to determine how dislocations are distributed through 
the thickness of the film, whether there are any significant differences in 
crystal structure through the thickness in phase-transformed films, and also 
to observe the grain structure of as-deposited films in the β phase. 
•  Effects of film thickness – The tantalum films used in many applications 
(such as diffusion barriers between copper and silicon) are often signifi-
cantly thinner than those in the current study. Preliminary experiments 
suggest that phase-transformed microstructure can vary significantly with 
film thickness; further study is necessary to quantify how it varies. 
•  Effect of interface – Tantalum films may be deposited on many different 
surfaces for different applications which can lead to differences in phase 
and/or texture in the film. Only a limited number of substrates have been 
studied here; others common in various applications (i.e. TaNx in diffusion 
barriers [1] or steel for wear-resistant gun barrel coatings [2]) have not.  
•  UHV DSC – DSC experiments in this thesis were conducted in an atmos-
phere that contained significant amounts of oxygen, which greatly inhibited 
the phase transformation. Conducting similar DSC measurements with 
UHV background pressures would allow for much better control over the 
reactions that may occur during testing. 
•  Properties of phase-transformed films – Phase-transformed tantalum films 
have a microstructure that is very different from bulk tantalum or films de-
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posited in the α phase. As such, they may have properties well-suited to a 
number of applications. For example, wear-resistant coatings may last 
longer and diffusion barriers may perform better due to the large grain 
sizes and few high-angle grain boundaries present in the phase-transformed 
films. 
•  Effects of constrained dimensionality – Patterned films can behave differ-
ently than blanket films as the stress in a patterned line is no longer distrib-
uted in an equal biaxial manner. This may lead to significant variations in 
phase-transformed microstructure that have not been studied. 
•  Similar systems – Metastable crystal structures similar to β-Ta have been 
observed in both tungsten [3] and chromium [4]. Do these systems behave 
in a manner similar to that seen for tantalum films? 
•  Molecular dynamics simulations – Atomistic simulations of the β−α phase 
transformation have the potential to provide a great deal of insight as to the 
mechanisms behind α phase nucleation and dislocation nucleation and mo-
tion during the transformation. In addition, such simulations could also 
quantify the effects of oxygen contamination at the atomic scale and ex-
plain why particular out-of-plane crystal orientations are more prevalent 
than others. To accurately model the transformation, such a simulation 
must account for the both the substrate and the small-grained polycrystal-
line structure of the as-deposited β phase. 
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